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Abstract
This thesis is a theoretical exploration of properties of multilayered and mul-
ticomponent nitride alloys, in particular their mixing thermodynamics and elastic
behaviors. Systematic investigation of properties of a large class of materials,
such as the multicomponent nitride solid solutions, is in line with the modern ap-
proach of high-throughput search of novel materials. In this thesis we benchmark
and utilize simple but efficient methodological frameworks in predicting mixing
thermodynamics, Young’s moduli distribution of multilayer alloys and the linear
thermal expansion of quaternary nitride solid solutions.
We demonstrate by accurate ab-initio calculations that Ti1−xAlxN solid solu-
tion is stabilized by interfacial effects if it is coherently sandwiched between TiN
layers along (001). For TiN/AlN and ZrN/AlN multilayers we show higher ther-
modynamic stability with semicoherent interfaces than with isostructural coherent
ones.
Accurate 0 Kelvin elastic constants of cubic TixXyAl1−x−yN (X=Zr, Hf, Nb,
V, Ta) solid solutions and their multilayers are derived and an analytic comparison
of strengths and ductility are presented to reveal the potential of these materials in
hard coating applications. The Young’s moduli variation of the bulk materials has
provided a reliable descriptor to screen the Young’s moduli of coherent multilayers.
The Debye model is used to reveal the high-temperature thermodynamics and
spinodal decomposition of TixNbyAl1−x−yN. We show that though the effect of
vibration is large on the mixing Gibbs free energy the local spinoal decomposition
tendencies are not altered. A quasi-harmonic Debye model is benchmarked against
results of molecular dynamics simulations in predicting the thermal expansion
coefficients of TixXyAl1−x−yN (X=Zr, Hf, Nb, V, Ta).
v

Sammanfattning
Denna avhandling är en teoretisk undersökning av egenskaperna hos multilager
och multikomponentlegeringar av nitrider, särskilt deras blandningstermodynamik
och elastiska egenskaper. Systematiska undersökningar av egenskaperna hos en
stor materialfamilj, såsom fasta lösningar av multikomponentnitrider, ligger i linje
med den moderna angreppsvinkeln av massundersökningar i sökandet efter nya
material. I denna avhandling utvärderar och använder vi enkla men effektiva
metodologiska ramverk för att förutsäga blandningstermodynamik, fördelning av
Young’s moduli multilager och den linjära termiska expansionen i kvaternära fasta
lösningar av nitrider.
Vi visar med precisa ab-initio-beräkningar att en fast lösning av Ti1−xAlxN
stabiliseras av gränssnittseffekter om den placeras koherent mellan TiN-skikt längs
med (001). För multilager av TiN/AlN och ZrN/AlN påvisar vi högre termody-
namisk stabilitet med semikoherenta gränsskikt än med isostrukturella koherenta.
Precisa elastiska konstanter vid 0 K för kubiska fasta lösningar av TixXyAl1−x−yN
(X=Zr, Hf, Nb, V, Ta) och deras multilager beräknas och en analytisk jämförelse
av deras hållfasthet och duktilitet presenteras för att visa dessa materials poten-
tial som hårda beläggningar. Variationen av Young’s moduli materialen i bulk har
gett en pålitlig deskriptor för att undersöka Young’s moduli koherenta multilager.
Debye-modellen används för att undersöka hög-temperatur-termodynamiken
och spinodalt sönderfall hos TixNbyAl1−x−yN. Vi visar att trots att vibrationers
effekt på Gibbs fria energi för blandning är stor påverkas inte de lokala tendenserna
för spinodalt sönderfall. En kvasiharmonisk Debye-modell jämförs med resul-
tat från molekyldynamiksimuleringar för att förutsäga utvidgningskoefficienter för
TixXyAl1−x−yN (X=Zr, Hf, Nb, V, Ta).
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Zusammenfassung
Diese Arbeit ist eine theoretische Untersuchung der Eigenschaften von mehrschichti-
gen und mehrkomponentigen Nitridlegierungen, insbesondere deren Mischungs-
Thermodynamik und elastischen Verhalten. Eine systematische Untersuchung von
Eigenschaften einer großen Klasse von Materialien, wie zum Beispiel fester Lösun-
gen von Mehrkomponenten-Nitriden, ist im Einklang mit dem zeitgenössischen
Hochdurchsatzverfahren für die Suche nach neuen Materialien. In dieser Arbeit
benchmarken und nutzen wir einfache, aber effiziente methodische Frameworks zur
Vorhersage der Mischungs-Thermodynamik, der Verteilung des Elastizitätsmoduls
von Mehrschichtlegierungen und der linearen thermischen Ausdehnung von festen,
quaternären Nitrid-Lösungen. Wir zeigen durch genaue Ab-initio-Berechnungen,
dass Ti1−xAlxN Mischkristalle durch Grenzflächenwirkungen stabilisiert werden,
wenn sie kohärent zwischen TiN Schichten entlang (001) sandwichartig angeordnet
sind. Die genauen elastischen Konstanten von kubischen TixXyAl1−x−yN (X = Zr,
Hf, Nb, V, Ta) Mischkristallen und deren Mehrfachschichten bei 0 Kelvin werden
abgeleitet und ein analytischer Vergleich der Festigkeit und Duktilität zeigt das Po-
tential dieser Materialien in Hartbeschichtungsanwendungen. Das Debye-Modell
wird verwendet, um die Hochtemperatur-Thermodynamik und die spinodale Ent-
mischung von TixNbyAl1−x−yN aufzudecken. Wir zeigen, dass sich die lokale
Tendenzen zur spinodalen Entmischung nicht ändern, obwohl die Wirkung von
Vibrationen auf die Gibbs-Energie großist. Ein quasi-harmonisches Debye-Modell
wird gegen die Ergebnisse von Moleküldynamik-Simulationen gebenchmarkt, um
die thermische Ausdehnungskoeffizienten von TixXyAl1−x−yN (X=Zr, Hf, Nb, V,
Ta) vorherzusagen.
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Populärvetenskaplig sammanfattning
Industrin kräver ständig utveckling inom materialbearbetning för att utveckla
innovativa produkter och stärka sin marknadsposition. Beläggningsmaterials hög
temperaturprestanda har en enorm påverkan påskärverktygsindustrin. Ett materi-
als hårdhet, strukturella stabilitet vid höga temperaturer och oxidationsmotstånd
är nyckelstorheter för att det ska kunna användas i krävande miljöer. Moderna
hårda beläggningsmaterial förväntas ha en hårdhet omkring 30-40 GPa och vara
strukturellt stabila upp till en arbetstemperatur på 1200−1500 ◦C. Övergångsmet-
allnitrider(TiN, ZrN, HfN, NbN, VN, TaN) och deras legeringar definierar mate-
rialklassen med potential som hårda beläggningar.
Alla systematiska teoretiska undersökningar av utformningsstragier i klassen
övergångsmetallnitrider använder datorer i ett slags "test och försök", med bonusen
att fysiken bakom resultaten blottläggs. Detta är i linje med det moderna mass
undersöknings-baserade sökandet efter nya material. Kemisk utformning såsom
multikomponentlegering tillåter en att använda kombinationer av grundämnen
från det periodiska systemet. Strukturell formgivning såsom att göra multilager
innebär att material läggs mellan varandra vilket leder till att termisk stabilitet och
materialets elasticitet kan förändras av ömsesidig växelverkan mellan materialen.
I min forskning har mitt mål varit att hitta och förklara trender i termisk sta-
bilitet och elastiska egenskaper hos multilager och multikomponentlegeringar av
nitrider. Jag har undersökt högtemperaturtermodynamiken i TixNbyAl1−x−yN.
Genom att använda en koherent multilagerstruktur av TiN och Ti1−xAlxN har jag
visat att gränsskiktseffekter stabiliserar Ti1−xAlxN-legeringen. Jag har beräknat
de elastiska konstanterna för kubiska legeringar av TixXyAl1−x−yN (X=Zr, Hf,
Nb, V, Ta) och deras multilager och gjort en analytisk jämförelse av hållfasthet
och duktilitet för att utforska dessa materials potential som hårda beläggningar.
Pågrund av dessa uppgifters komplexitet behövde jag utvärdera och använda en-
kla metoder istället för tids- och resurskrävande molekyldynamiksimuleringar. Jag
har visat att en linjär elastisk modell av multilager är tillräcklig för att diskutera
xi
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hållfastheten hos nitrid-multilager med olika ytorienteringar. Vidare har en kvasi-
harmonisk approximation av atomiska vibrationer visat sig vara tillräcklig för att
förutsäga den termiska expansionen av multikomponentnitridlegeringar.
Min avhandling visar att moderna atomistiska simuleringsmetoder kombiner-
ade med kontrollerade fysiska approximationer för teoretiska undersökningar till
framkanten av utformningen av nyskapande teknologiska material för att befästa
mottot "Rätt material för rätt tillämpning".
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CHAPTER 1
Introduction
1.1 Theoretical material science
Materials have always been imperative for humans to advance civilization. The
material of choice is used to mark prehistorical periods, such as Stone Age, Bronze
Age, Iron Age, and Steel Age. Evolving originally from metallurgy, material sci-
ence became a scientific branch of its own. During the 19th and 20th centuries,
it became a leading field of science with incorporating physics, chemistry, and
engineering. Nowadays, on the basis of all the sophisticated technologies, when
we are talking about materials, we also think of material’s multi-functionality for
next generation applications. It is motivated by the fact that the functionality of
modern tools and devices, such as surface coatings, electrical and optical devices
etc., are determined to a large extent by the material’s properties on nanometer
(10−9 m) or atomic scale.
Through electronic-structure simulations, atomistic and quantum mechanical
modeling of complex materials have became an important tool in the material’s
exploration, for example, the Material’s Genome [1], Novel Materials Discovery
(NOMAD) [2] etc. Experimental investigations are expensive and time consum-
ing. The power of computer simulation, is that it can interpret and predict the
properties of materials at arbitrary physical conditions (pressure, temperature).
Of course, such theoretical studies have also limitations, (i) we investigate mostly
perfect materials (not with the imperfections, defects) (ii) the solution of the quan-
tum mechanical many-body problem requires approximations. Density-functional
theory (DFT) has reached an appropriate level for many questions, but it is not
completed yet. Nevertheless researchers have achieved great success in achiev-
ing thermodynamics accuracy, bridging length-scales and overcoming time-scales
limitations. Modern theoretical material science faces with two main challenges:
1
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Figure 1.1. Hardness values of the as-deposited and heat treated monolithic and mul-
tilayered coatings. This figure is an adopted version of the figure in J. Appl. Phys. 108,
044312 (2010)
(A) It aims to provide a fundamental understanding of microscopic and macro-
scopic properties of materials, it wants to explain the experimentally observed
properties and phenomena. For example, the mechanical properties of TiN, such
as hardness is enhanced by alloying element Al or through a multilayer design
[3]. The detailed arrangement and the movement of atoms and electrons (chem-
ical bonds, phonons) brings insight on the experimental observation through a
statistical description.
(B) It is utilized to discover novel materials or predict accurately and quantita-
tively the properties of systems that have not been investigated experimentally so
far or cannot be investigated by experiments directly. For instance, the structure
and properties of iron have been modeled theoretically at Earth-core conditions
(around 300-350 GPa and 5000-6000 K) [4].
1.2 Aim of the thesis
Figure 1.1 plots the material’s hardness (materials resistance against external
force) of TiN, Ti1−xAlxN and TiN/Ti1−xAlxN [001] multilayers (x is a fraction
of AlN) versus annealing temperature. It shows that the hardness of TiN de-
creases monotonously with the annealing temperature. In contrast the hardness
of Ti1−xAlxN alloy increases with the annealing temperature up to around 900 ◦C.
Around 900 ◦C an anomalous increase of hardness is observed which is explained
by the material’s altered microstructure resulted by a (lattice) coherent spinodal
decomposition. Cubic B1 Ti1−xAlxN coherently decomposes into cubic AlN and
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cubic TiN phases. The hardness value decreases at higher temperatures as the
cubic AlN phase transforms into the ground state hexagonal (wurtzite) structure
[5]. Therefore an increased thermal stability of the cubic phase of AlN with respect
its wurtzite phase is assumed to result in higher hardness value of the decomposed
Ti1−xAlxN at higher (> 1000 ◦C) temperatures. This hypothetical extension of
hardness is shown with arrow (2) in Figure 1.1, both multicomponent alloying and
artificial multilayer structuring might change the thermodynamic stability of the
materials phases and result in altered hardness vs. temperature behavior. Mate-
rials elastic properties have indirect impact on hardness and therefore they are of
distinct interest in searching for novel hard materials. The objective of this thesis
is to give a fundamental exploration of thermodynamics and elastic properties of
multilayered and multicomponent nitride alloys from three perspectives:
• What is the effect of lattice coherency and interfacial chemistry on the ther-
modynamics of multilayers. How interfacial effects influence the decomposi-
tion process of Ti1−xAlxN if it is confined in a multilayer architecture.
• How multicomponent alloying improves material’s thermal stability and elas-
tic properties.
• Since the elastic energy distribution influences the microstructure of the de-
composing solid solution through the anisotropic elastic (stiffness) constants,
one has to develop an overview of the single crystal and polycrystalline elas-
ticity of multicomponent nitrides alloys and for some of their multilayers.
The material class we focus on in this thesis is restricted to nitride solid solutions
and multilayers with high potential for cutting tool applications. We investigate
AlN, XN, X1−xAlxN, X1−xTixN, TixXyAl1−x−yN (X=Ti, Zr, Hf, V, Nb, Ta),
TiN/AlN and Ti1−xAlxN/TiN etc.
1.3 Outline of the thesis
This thesis includes chapters with a comprehensive overview of the investigated
materials, the applied theoretical approaches and the obtained results.
• Chapter 1 gives a brief overview of theoretical material science and the aim
of this work.
• Chapter 2 provides an introduction to hard coating materials, as well as the
ones of interest for this work: the binary nitrides, titanium nitride based
ternary and quaternary nitride alloys and alloys in multilayers.
• Chapter 3 describes the applied methods for the structural modeling of ran-
dom alloys and alloys in multilayers.
• Chapter 4 explains the mixing thermodynamics of alloys and multilayers.
• Chapter 5 explores the calculations of elastic properties in disordered alloys
and alloys in multilayers.
4 Introduction
• Chapter 6 presents a short overview of the underlying approach of electronic
structure calculations, which is density functional theory (DFT).
• Chapter 7 contains a summary of results presented in the included papers.
• Chapter 8 presents a short conclusion and an outlook for future research.
• The papers are included in the end of the thesis.
CHAPTER 2
Hard coating nitrides
Coatings are usually micron (10−6 m) thick layers on the surface of machining
tools (drills, gears, etc.) and other devices. The purpose of applying coatings
might be functional and decorative, or both. Coatings are applied to functionalize
the surface properties of the raw material, such as thermal and electrical conduc-
tivity, optical reflectivity or corrosion and wear resistance. Since manufacturing
industries have become increasingly dependent on automation, the critical demand
for wear- and corrosion- resistant coatings has also expanded. In today’s indus-
tries, the protective coatings, also known as hard coatings, were developed and
used to improve the operational efficiency, reliability and the life time of cutting
and machining tools. The global market for these coating systems is rising.
In 1969, a few microns thick titanium carbide TiC coatings were developed us-
ing chemical vapor deposition (CVD) technique to prevent the cutting tools start
to oxidize at low temperatures [6]. During the last three decades transition metal
nitrides and carbides have been developed as prominent hard coating materials
as they offer extremely hard surfaces, low friction coefficient, excellent adhesion,
favorable sliding characteristics, and relatively high electrical and thermal conduc-
tivity. These extraordinary properties could be explained after understanding the
thermodynamic, the crystallographic and microstructural characteristics of these
materials in connection with their microscopic electronic properties.
The industrial scaled PVD (physical vapor deposition) deposited TiN High
Speed Steel (HSS) drill bits were introduced in 1982 [6]. Using physical vapor
deposition one solved problems appeared in CVD grown coatings, such as the
poor transverse rupture strength and toughness. However, the oxidation resistance
of the achieved coatings were not satisfactory. In 1986 the first PVD Ti-Al-N
coatings were reported with improved oxidation resistance and superior cutting
performance compared to TiN [7], because of a peak in the hardness value around
900 ◦C [3]. This age hardening phenomena starts to disappear rapidly at 950 ◦C
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Figure 2.1. The periodic table of elements. Elements marked in green have been
investigated in this work.
and above, which is the actual operation temperature of high-speed cutting tools
for 10-15 minutes. This phenomenon of age hardening at elevated temperature
is triggered by the self-organized nanostructuring of the solid solution as a result
of spinodal decomposition. The metastable cubic Ti-Al-N decomposes coherently
into cubic TiN and cubic AlN. At higher temperatures the ground state hexagonal
phase of AlN phase hinders the presence of the cubic phase, which results in a
significant hardness drop [5].
Multicomponent alloys and their multilayers as coatings have become highly
interests in the past decades by their promise in fulfilling the need of cutting and
machining tool industry for increased productivity and reliability. The physical
properties of hard coating alloys can be engineered by altering the composition
or making an artificial structuring of various phases on a microscopic scale. For
example, in a multilayer form with different interface orientation.
2.1 Binary nitrides
The lattice parameters of the bellow described binary nitrides with cubic and
hexagonal structures are summarized in Table 2.1.
Aluminum nitride (AlN) is a wide band gap (6.2 eV) semiconductor material,
mainly used in optical and electronic device applications [8]. The thermodynami-
cally stable (hexagonal, B4) structure of AlN is illustrated in Figure 2.2 (a). It has
lattice parameters a = 3.11 Å and c = 4.98 Å [9]. AlN stabilizes in cubic structure
with lattice parameter a = 4.05 Å at high pressure (16.6 GPa) and temperature
[10, 11]. Cubic AlN phase can be grown as epitaxial film on Si substrates [12] or
stabilized in the multilayer structure TiN/AlN(001) [13]. It appears as metastable
phase during the spinodal decomposition of cubic B1 Ti1−xAlxN solid solution,
which process is responsible for the age hardening of Ti-Al-N coatings [3, 5, 14,
15].
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Table 2.1. The lattice parameters a(Å) of binary nitrides with cubic and hexagonal
structures
structure a (Å)
cubic (B1) AlN 4.05
hexagonal (B4) AlN a = 3.11, c = 4.98
cubic (B1) TiN 4.24
cubic (B1) ZrN 4.58
cubic (B1) HfN 4.53
cubic (B1) VN 4.14
hexagonal V2N a = 2.84, c = 4.54
cubic (B1) NbN 4.39
hexagonal Nb2N a = 3.05, c = 5.01
cubic (B1) TaN 4.36
hexagonal Ta2N a = 5.19, c = 2.91
Titanium nitride (TiN) is an extremely hard material with cubic B1 structure
as shown in Figure 2.2 (b), it has a lattice parameter a = 4.24 Å [16]. It has high
hardness ∼26-30 GPa [3, 17] and offers excellent protection against abrasive wear.
Therefore, TiN has been one of the first coating materials used in the cutting tools
industry since 1970’s. It is moreover used as diffusion barriers in semiconductor
devices and decorative coatings because of its goldish color. The material can be
deposited as hard or protective coating by using PVD or CVD techniques.
Zirconium nitride (ZrN) is a hard material similar to TiN with cubic B1 crystal
structure and has lattice parameter a = 4.58 Å [18], which is larger than that of
TiN and AlN. ZrN grown by PVD shows a light gold color slightly brighter than
TiN. ZrN has similar mechanical properties as TiN but exhibits lower friction
coefficient [19, 20]. The hardness of arc-evaporated ZrN is 21-27 GPa [21, 22].
Hafnium nitride (HfN) has cubic B1 crystal structure with a lattice parameter
a = 4.53 Å [23]. Compared to other elements in the transition metal nitride
family, HfN has the highest melting point(Tm = 3300 ◦C), largest negative heat
of formation and highest elastic moduli [24, 25]. It can be used as a good coating
material for cutting tools and has been recently attracted attention as a buffer
layer to enable epitaxial growth of GaN on Si [26, 27] and as a back contact to
enhance light extraction from optical devices [28].
Vanadium nitride (VN) crystallizes with the cubic B1 crystal structure with
lattice parameter a = 4.14 Å [29] and belongs to the class of refractory-metal
compounds. The V2N phase with hexagonal structure can be formed along with
VN during nitriding. VN has recently drawn intense interest due to the strongly
enhanced spin susceptibility when its composition approaches stoichiometry [30].
VN is also a promising electrode material for electrochemical supercapacitors [31,
32].
The equilibrium phase of niobium nitride is the hexagonal Nb2N structure.
With thin film deposition approaches it is possible to synthesize the metastable
8 Hard coating nitrides
(a) (b)
Figure 2.2. (a)The wurtzite structure (B4) (b)The rock-salt (NaCl) structure (B1)
B1 cubic NbN at room temperature [33]. The lattice parameter of cubic B1 NbN
is 4.39 Å [34]. The as-deposited film shows a hardness of 42 GPa [33] and even at
room temperature, NbN has higher hardness than TiN which makes it promising
for protective coating application. Furthermore, it is a material candidate for
tunnel junction electrode due to its thermal cyclability and large superconducting
energy gap [35].
Tantalium nitride has two phases, the Ta2N with hexagonal structure and the
TaN with cubic B1 structure, the lattice parameter of B1 cubic TaN is 4.36 Å [36].
TaN has been used effectively in semiconductor industry because of high melting
point and good resistivity. Recently it is utilized as diffusion barrier layers for Cu
wiring of Si semiconductor devices due to the excellent thermal stability [37]. It is
also applied as high-speed thermal printing head [38] and thin film resistors [39].
At 0 K, VN, NbN and TaN with cubic B1 structure are dynamical instable [40].
2.2 Ternary pseudo-binary nitride alloys
Figure 2.3 shows the ab-initio calculated 0 Kelvin isostructural mixing enthalpies
of different ternary nitride alloys as a function of the AlN content. Positive en-
ergy of mixing value means that the solid solution is unstable at 0 Kelvin with
respect to the reference binary materials and the solid solution will decompose.
Despite this instability the alloys can be deposited in a metastable form using
low temperature thin film deposition techniques. Higher energy of mixing value
indicates higher "thermodynamic" tendency towards decomposition. According to
the figure, one says that all the shown binary nitride solid solutions are unstable.
Compared to Ti1−xAlxN, Zr1−xAlxN and Hf1−xAlxN have rather higher mixing
enthalpies, which means that mixing HfN and ZrN with AlN is exceptionally dif-
ficult. Nb1−xAlxN shows similar values of the mixing enthalpy as Ti1−xAlxN.
Ta1−xAlxN shows the lowest mixing enthalpy.
Ti-Al-N system is a well-established protective coating of cutting tools be-
cause of the excellent mechanical properties and oxidation resistance at elevated
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Figure 2.3. Calculated isostructural mixing enthalpy for cubic B1 Ti1−xAlxN,
Zr1−xAlxN, Hf1−xAlxN, Nb1−xAlxN and Ta1−xAlxN. The data is from Journal of Ap-
plied Physics 113, 113510 (2013).
temperatures [41, 42]. Cubic solid solution of Ti-Al-N can be deposited by PVD
techniques with Al content up to 70 atomic %. At higher Al contents the hexago-
nal (wurtzite) phase becomes thermodynamicaly stable [5, 43, 44]. As long as the
metastable cubic structure can be maintained, the mechanical properties and the
oxidation resistance increase with the Al content. At elevated temperatures the
metastable cubic Ti-Al-N phase decomposes coherently into strained c-TiN and
c-AlN enriched domains [45, 46]. The step is understood as an iso-structural spin-
odal decomposition [47] and explained by thermodynamic calculations through the
observed miscibility gap and the negative second derivative of Gibbs free energy
(see Chapter 4) [48–50]. Age hardening of the coating has also been reported
and attributed to the coherent spinodal decomposition [3, 45, 47, 51]. Hörling
et al. [47] found that the addition of Al increases the tool’s life time however
at higher Al content, the appearing thermodynamically stable wurtzite phase of
AlN makes the life time drastically shorter, which correlates with the materials
decreased hardness, shown in Figure 1.1. Therefore, controlling the formation of
the wurtzite phase of AlN has been the main research focus on the development
of Ti-Al-N coatings.
Zr-Al-N system is a highly immiscible material system with the highest mixing
enthalpy among the ternary transition metal aluminum nitrides, see Figure 2.3.
The large lattice mismatch between c-ZrN and c-AlN (see Table 2.1) has been
used to explain the fact that smaller (max. 40%) amount of c-AlN can be solved
in the cubic Zr-Al-N system [52–54]. When the Al content is high (x > 0.70), the
wurtzite hexagonal structure is stable. For intermediate Al contents, the structure
is a mixture of cubic, hexagonal nano-crystallites and amorphous regions [54–56].
Zr-Al-N coatings with 36 at. % Al was shown to form self-organized semi-coherent
nanostructures at 900 ◦C [57].
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In Hf1−xAlxN, the spinodal decomposition has recently been observed in ex-
periments [25]. The chemical driving force for the isostructural decomposition into
binary cubic nitrides is high since the mixing enthalpy is almost twice as big as
in Ti1−xAlxN, see Figure 2.3 [58, 59]. The maximum amount of AlN soluble in
Hf1−xAlxN is reported to be x ≈ 0.5 [25, 60, 61]. From X-ray diffraction patterns,
it is found that the cubic phase is maintained up to x = 0.33, then an amorphous
or nanocrystalline material is obtained between x = 0.38 and 0.71, while from
x = 0.77 wurtzite single phase field is formed [59]. Alloying HfN with AlN gives
rise to an increased hardness caused by nanostructured compositional modulations
as a result of the onset of spinodal decomposition [25].
Few publications have been dedicated to V1−xAlxN, Nb1−xAlxN, Ta1−xAlxN
coatings and solid solutions. V1−xAlxN coatings have shown excellent mechanical
properties, such as high hardness (up to 35GPa) and good adhesion to the steel
substrates [62]. V0.48Al0.52N coating was even found superhard (> 40GPa) [63].
Whereas, spinodal decomposition in V1−xAlxN is not indicated, which may be
related to the lower mixing enthalpy of V1−xAlxN, decomposition by nucleation
and growth is observed [64]. The maximum amount of AlN soluble in V1−xAlxN
is observed as x = 0.62, and below it stabilizes in the metastable B1 structure
[63]. A variety of crystallographic phases can be formed for NbN, see section
2.1, which means a higher complexity for investigating solubility in Nb1−xAlxN.
The cubic B1 structure was confirmed by experiments [65–68]. It was shown
that B1 NbN could be retained up to an Al concentration of x = 0.45 − 0.56 by
cathodic arc-evaporation [68] and x ≈ 0.6 by reactive sputtering [65]. Ab-initio
calculations revealed that the B1 structure is (thermodynamically) stable in the
composition range x ≈ 0.14−0.7, and the wurtzite phase is favored at x > 0.7 [69].
Nb0.73Al0.27N has shown a maximum hardness value 33.5 GPa [68]. Concerning
Ta1−xAlxN alloys, only Ta0.89Al0.11N was investigated [70]. It has shown a single-
phased cubic B1 solid solution in the as-deposited state, and has been found to be
stable until 1100 ◦C. The measured hardness in the as-deposited state is around
30 GPa.
Pseudo-ternary Ti1−xZrxN, Ti1−xHfxN, Ti1−xVxN, Ti1−xNbxN, Ti1−xTaxN
coatings (no Al content) have also gained special attention as alternatives for high
temperature cutting and machining tools. Generally they have higher hardness
than their binary nitride components [71–76]. It has been shown that Ti1−xXxN
(X= Zr, Hf, V, Nb, Ta) can form solid solution over the whole x range (0 < x < 1)
and are thermodynamically stable in the rocksalt structure [77, 78]. Ti1−xZrxN has
been well studied by experiments and calculations [72, 73, 79, 80]. The hardness
vales have been found between 32 and 35 GPa for the as-deposited films, while
after annealing at 1100 − 1200 ◦C the samples have shown a reduced 24 − 30
GPa hardness [72]. An increase of hardness has been reported with increasing Zr
content [73] and explained by a dominant solid-solution hardening effect [72]. For
Ti1−xNbxN, the material’s hardness also increases with increasing Nb content and
a maximum value of 31± 2.4 GPa is found for x(Nb)= 0.77 [74]. Ti1−xTaxN films
have shown to be good conductors with varying density of conduction [76, 81, 82]
and excellent mechanical properties with hardness as high as 42 GPa for x = 0.69
[76].
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2.3 Quaternary nitride alloys
As summarized in the previous chapter, significant efforts are concentrated on ad-
vancing both, the microstructural and compositional design of alloys to achieve
higher hardness and extended thermal stability [83]. A novel concept of multicom-
ponent alloying has been established by mixing CrN and Ti1−xAlxN [84, 85]. The
substantial improvement of thermal stability of quasi-ternary (TiCrAl)N alloys in
respect with the characteristic thermal stability of Ti-Al-N, has been explained by
the occurence of a novel metastable cubic phase of Cr1−xAlxN. It has extended the
increased interest for metastable materials. The 0 K thermodynamics of quater-
nary transition metal nitride (Ti-Al-X-N, X=Zr,Hf,V,Nb,Ta) alloys has recently
been investigated by Holec using ab initio simulations [86]. Zr improves the oxi-
dation resistance and the as deposited hardness of Ti1−xAlxN [87, 88]; Hf leads to
an inferior oxidation resistance of Ti1−xAlxN and promotes the formation of cubic
domains, however it retards the formation of stable wurtzite AlN during thermal
annealing [89, 90]; The addition of V to Ti1−xAlxN hard coatings enables lubricat-
ing effects based on oxidation resistance and improves the overall wear resistance
[91–93]; Nb and Ta are also favored due to combining outstanding mechanical
properties with good oxidation resistance [94–96].
In paper V we present a study of the thermal stability as well as structure
and stress evolution of cubic TixNbyAl1−x−yN coatings during annealing. Paper
IV gives a comprehensive overview of the elasticity in cubic quaternary transition
metal nitride TixXyAl1−x−yN alloys where X is Zr, Hf, V, Nb or Ta and ana-
lyzes the possible multicomponent alloying strategies to engineer the strength and
ductility of quaternary solid solution.
2.4 Multilayers
Materials can be repeatedly deposited on top of each other to compose nanoscale
multilayer structures. Coherent, semi- and incoherent interfaces can be formed and
thermodynamic stabilization can be observed. The concept of forming coherent
multilayers is offered as an alternative to extend the wear resistance and hardness
of monolithic bulk materials [3]. Therefore multilayer coatings have rised the
interest of cutting tool industry in the beginning of 1980’s.
The altered thermodynamics of Ti1−xAlxN in the form of Ti1−xAlxN/TiN
superlattice has been investigated experimentally [3, 15, 97]. Through electron
microscopy and atom probe tomography combined with phase field simulations,
the occurence of surface directed spinodal decomposition [98] has been shown. In
our work the study of multilayers is motivated by the approximation that during
the coherent spinodal decomposition of the alloys, the microstruture can locally be
described as coherent multilayers with different interfacial orientations. Paper II
discusses the mixing thermodynamics of cubic (B1) Ti1−xAlxN/TiN(001) multi-
layers and shows that interfacial effects suppress the mixing enthalpy of Ti1−xAlxN
compared to the monolithic case, suggesting that the multilayer structure has a
stabilization effect. Furthermore, Paper III with experiments and ab initio cal-
culations demonstrate that forming semicoherent interfaces during film growth
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might offer higher thermal stability. Paper IV predicts the Young’s modulus of
the quaternary transition metal nitride multilayers with the [001] and [111] in-
terfacial direction and reveals the materials local Young’s modulus distribution
affects the microstructure evolution which indicates an effect on the hardness of
the materials.
CHAPTER 3
Structure modeling of alloys
3.1 Configurational disorder in alloys
The degree of disorder in alloys influences the thermodynamic properties of the
alloys to a great extent. The translational symmetry of the lattice results in
pure elements and ordered compounds that an unit cell is sufficient to simulate
material’s properties. Long-range ordering in a single crystal can be observed by
X-ray diffraction technique to obtain the pair correlation function, see Figure 3.1
(a). The arrangement of atoms is regularly repeated at any distance from an atom.
This results in the periodically repeated peaks in the pair correlation function in
Figure 3.1 (a). In alloys the configurational disorder breaks this regularity in
pair correlation function, only short range order is observed with highly broaden
peaks, see Figure 3.1 (b). Repeated supercells of the underlying lattice symmetry
in each direction can be used to simulate the disorder in alloys. A sufficiently large
structure on which the atoms can be appropriately distributed is needed, thereafter
supercells can be used for disordered alloys, impurities, defects and even treating
interfacial boundary effects.
In my work two of the most successful modeling disordered alloys approaches
were used. One is the construction of "special quasirandom structures" (SQS) [99]
by the principle of close reproduction of the perfectly random network for the first
few shells around each site. It is an elegant technique with the advantage of an
access to atomic forces. Its drawback is the extra computational costs. The second
one is based on creating an effective medium that describes the analytical averaging
over the disordered configurations. The Coherent Potential Approximation (CPA)
[100] is an improved scheme for creating the effective medium, it provides the
same scattering properties of the one-component effective medium as the average
of alloy components, embedded in this effective medium.
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Figure 3.1. Illustration of pair correlation function of (a) Single crystals (b) Alloys.
3.2 The special quasi-random structure (SQS) ap-
proach
The special quasirandom structure (SQS) approach as suggested by Zunger et al
[99] is introduced for a binary A1−xBx solid solutions. During the SQS algorithm
one uses spin variables σi to describe the atomic occupation, if the ith site is
occupied by atom A, σi is +1, otherwise it equals −1. The atomic configuration
of an alloy with N sites can be given by the vector σ = {σ1, σ2, ..., σN}. Then one
can define a characteristic function Φ(n)f (σ) for a given n-site in clusters f by the
product of the spin variables of f :
Φ
(n)
f (σ) =
∏
i∈f
σi. (3.1)
These functions form a complete and orthonormal set, with the inner product
between two functions:
〈Φ(n)f (σ),Φ(n)g (σ)〉 =
1
2N
∑
σ
Φ
(n)
f (σ)Φ
(n)
g (σ) = δf,g. (3.2)
where the sum runs over all the atomic configurations on the N sites. The function
equals to 1 only if two clusters are the same in the crystal, otherwise it is 0. This
means that one can expand any function of configuration in this basis set:
F (σ) =
∑
f
F
(n)
f Φ
(n)
f (σ). (3.3)
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The expansion coefficients are
F
(n)
f = 〈F (σ),Φ(n)f (σ)〉. (3.4)
As for the total energy of an alloy, the expansion coefficients are so-called effective
cluster interactions (ECI), given by
V
(n)
f = 〈Etot(σ),Φ(n)f (σ)〉. (3.5)
The total energy of an alloy can then be calculated with arbitrary configuration,
given by
Etot =
∑
f
V
(n)
f ξ
(n)
f . (3.6)
where ξ(n)f is the n-site correlation function for the cluster f , defined as the average
value of the symmetrically identical characteristic function, ξ(n)f = 〈Φ(n)f 〉.
In the case of a completely random alloy, ξ(n)f equals to zero and can be ex-
pressed with the help of the Warren-Cowlley short range order (SRO) parameters
[101]. For a binary A1−xBx alloy, the SRO parameters of A and B atoms within a
sublattice can be optimized towards a random distribution of A and B that they
are close to zero for as many coordination shells as possible. Due to the limita-
tion of the supercell size, it is not practically possible to obtain zero value of the
SRO parameters for all coordination shells, Etot could affect predictions of some
properties. For example, the total energy needs to be converged with respect to
the supercell size [102] and therefore the accuracy of using the SQS method must
be weighed against the computational cost. With today’s supercomputers, SQS
approach can excellently reproduce the total energy of a random alloy. However,
there are still limitations. One of the limitations is modeling tensorial properties.
The problem with the SQS approach is that it breaks inherently the point symme-
try of the underlying crystal lattice. Thus the tensorial properties can differ from
experimental values with the chosen SQS model. A symmetry-based projection
technique was introduced [103, 104] to extract the closest approximation of the
elastic tensor components. This technique was used in Paper IV to derive the
elastic properties of transition metal alloys. More details will be shown in Chapter
5. In Paper I, we point out the limitations and methodological corrections for
the application of SQS approach in studies of advanced properties of alloys and
multilayers.
3.2.1 Modeling multilayered alloys
It is shown by Ruban et al [102] that in inhomogeneous systems such as multilayer
alloys, the structral SRO parameters should depend on the layer index. The in-
teraction and the large relaxation of the interfacial atoms renormalise the effective
cluster interactions(ECI) [102] so that layer dependent cluster expansion has to be
applied. Therefore, all properties have to be indexed with the layer number (λ)
with keeping the homogeneity only in the two periodic directions (x and y) [102].
In Paper I and Paper II, We use a composition profile through the interfaces by
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Figure 3.2. Three different bulk SQS models of Ti0.5Al0.5N to build the multilayer of
TiN/Ti0.5Al0.5N.
keeping the same composition in each layer of the SQS model to obtain results
relevant for simulations of disordered multilayers.
The total energy density of the multilayer can be written as
eML =
∑
i
yie
bulk
i + e
interface({yi}) + estrain({yi}), (3.7)
where yi are the content ratios and ebulki denote the unstrained bulk energies of
the components in the multilayer, einterface and estrain stand for the interfacial and
constituent strain energies per surface area [105]. The last two terms can strongly
depend on the atomic arrangement in a finite size model.
In Paper I, we aim to underline the dependence of the derived mixing enthalpy
values on the chosen SQS supercell in the multilayers. We generate three different
bulk Ti0.5Al0.5N with a size of (3× 3× 3) and sandwiched them between the TiN
layers, as shown in Figure 3.2. The model #1 was created by minimizing the bulk
Warren-Cowlley SRO parameters up to the seventh shell without constraining the
composition profile. Model #2 was obtained from model #1 by a layer shift.
The model #3 has also been created by minimizing the bulk Warren-Cowlley
SRO parameters up to the seventh shell but with keeping the same composition
xλ = 0.5 in each layer. The derived in-plane SRO parameters of all the three
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Table 3.1. The layer composition xλ and the layer Warren-Cowlley SRO parameters of
three SQS models.
xλ 1st 2nd 3rd 4th 5th 6th 7th
model #1 and #2
layer 1 0.56 -0.01 -0.01 -0.13 -0.01 -0.01 -0.35 -0.13
layer 2 0.44 0.21 0.10 -0.24 -0.24 0.10 -0.35 -0.24
layer 3 0.72 0.17 -0.11 -0.11 -0.11 -0.11 -0.38 -0.11
layer 4 0.56 -0.01 0.10 -0.24 -0.01 0.10 -0.35 -0.24
layer 5 0.50 -0.22 -0.22 0.22 0.11 -0.22 -0.56 0.22
layer 6 0.22 0.20 -0.13 -0.13 -0.13 -0.13 -0.29 -0.13
model #3
layer 1 0.50 0.00 -0.22 0.00 0.11 -0.22 -0.56 0.00
layer 2 0.50 0.00 0.00 -0.22 0.00 0.00 -0.11 -0.22
layer 3 0.50 0.00 0.00 -0.22 0.00 0.00 -0.11 -0.22
layer 4 0.50 -0.44 0.22 0.22 -0.22 0.22 -0.11 0.22
layer 5 0.50 0.11 0.22 -0.22 -0.22 0.22 -0.56 -0.22
layer 6 0.50 0.00 -0.33 0.11 0.00 -0.33 -0.11 0.11
supercells are listed in Table 3.1. The most relevant difference between the three
models are the compositions xλ, especially at the interface with TiN. Model #3
has the proper constrained value xλ = 0.5 in each layer so that it also represents
bulk randomness, which corresponds to the proper treatment of inhomogeneous
systems [102].
3.3 The Coherent Potential Approximation (CPA)
The concept of effective medium with keeping the translational symmetry of the
underlying lattice is designed to average out the disorder. Coherent potential ap-
proximation (CPA) makes use of the one-electron Green’s function, which is a self-
averaging quantity. The method aims to find a one-component effective medium
with a Green’s function that has translational symmetry of the underlying lattice.
It was originally introduced by Soven [100] for the electronic structure problem
and by Taylor [106] to deal with phonons of disordered alloys. The CPA was re-
formulated with the multiple-scattering theory of Korringa-Kohn-Rostoker (KKR)
[107, 108] by Györffy [109], and since then it was widely used. The objective of the
CPA is to provide the same scattering properties of the one-component effective
medium as the average of alloy components, which is schematically illustrated in
Figure 3.3. With the single site approximation, the advantage of CPA against
the SQS method is that one does not need to build large supercells to ensure the
randomness, therefore disordered alloys can be treated with less demanding calcu-
lations. However, the single site character does not take into account other effects
such as local environment effects, short and long-range order effects, charge trans-
fer, etc. One has to apply additional models and do extra calculations beyond the
CPA calculations. For example, to take into account the effect of charge transfer
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Figure 3.3. Schematic representation of the principle of CPA approximation for a
disordered binary alloy AxB1−x. See the text for details.
between components, one can use the screened impurity model(SIM), where each
atom is treated as an impurity in the effective CPA medium and the net charge
is screened by the first coordination shell of the nearest neighbor [110]. To esti-
mate the local relaxations, the effective tetrahedron method (ETM) [111] which
considers the effect of a local volume relaxation is proven to work accurate.
In Paper V, we modeled TixNbyAl1−x−yN alloy (B1 crystal structure) with
four lattice sites in the unit cell, one metal, one nitrogen and two empty spheres
were included to improve the space filling in the atomic sphere approximation
(ASA) [112]. Through the use of the independent sublattice model (ISM) [50], the
additional relaxation effect of the nitrogen and metal atoms relative to each other
has been considered and the local relaxation energy was calculated as:
Erel = Etot − Eunrel, (3.8)
where Etot is the total energy of a disordered alloy with fully relaxed ionic positions
and Eunrel is the total energy of the same system with the ideal B1 crystal lattice
positions. To calculate Erel one only needs to consider relaxations of nitrogens,
because of the shown negligible displacement of the metallic atoms [50]. One can
derive an expression for Erel for N atoms in c-TixNbyAl1−x−yN as:
Erel = 6(νTiAlρTiAl + νNbAlρNbAl + νTiNbρTiNb). (3.9)
where νTiAl, νNbAl and νTiNb are the relaxation energies and ρTiAl, ρNbAl and
ρTiNb are the probabilities of a nitrogen atom being surrounded by the corre-
sponding two metal atoms in one direction. The relaxation energy parameters were
determined by supercell calculations with and without atomic relaxations. The su-
percells were built using the Special Quasirandom Structure (SQS) approach intro-
duced before. The supercell calculations resulted in νTiAl = -0.0321061 eV/atom,
νNbAl = -0.116299 eV/atom and νTiNb = -0.010324 eV/atom to the relaxation
energies.
CHAPTER 4
Mixing thermodynamics and decomposition
4.1 Gibbs free energy
To predict the thermodynamic phase diagram of a binary solid solution, see Fig-
ure 4.1, one has to calculate Gibbs free energy. Gibbs free energy G, is a ther-
modynamic potential of system at constant pressure p and temperature T with a
constant number of particles.
G(p, T ) = E + pV − TS = H − TS = F + pV, (4.1)
where E is the total (internal) energy calculated through electronic structure cal-
culations, H is the enthalpy, S denotes the entropy and F is Helmholtz free energy.
When T = 0 K and p = 0 GPa, G = E.
To determine whether a solid solution is thermodynamically stable or not, one
has to calculate the Gibbs free energy of mixing ∆G as,
∆G = Gsolution −
∑
i
xiGi. (4.2)
Here Gsolution is the Gibbs free energy of the solid solution, xi and Gi are the
concentration and the Gibbs free energy of the components or reference materials.
Moreover, ∆G is expressed as
∆G = ∆H − T∆S. (4.3)
where ∆H and ∆S are defined as mixing enthalpy and mixing entropy, respectively.
If ∆G < 0, the solution is stable with respect to their competing components
and will be formed spontaneously. If ∆G > 0, then the solution is unstable (or
metastable) and phase separation should occur.
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Figure 4.1. Illustration of the phase diagram and the Gibbs free energy curve of a
binary alloy. (a) A schematic phase Temperature-compositon(x) diagram of an alloy.
The solid line shows the binodal curve, while the dashed one is the spinodal curve. (b)
The free energy as a function of composition for the phase separation. Mixing Gibbs free
energy ∆G is minimized by a common tangent construction.
Spinodal decomposition happens if the phase separation occurs spontaneously
in the system without nucleation and growth. The range of spinodal decomposition
is shown in Figure 4.1(b) and defined as
∂2G
∂2x
< 0. (4.4)
For a multicomponent alloy with more than two components, such as TixNbyAlzN
in Paper V, the second directional derivative is calculated as
∂2G
−−→
∆R2
=
G(R +
−−→
∆R) +G(R−−−→∆R)− 2G(R)
|−−→∆R2|
. (4.5)
In direction
−−→
∆R = (∆x,∆y,∆z) at the composition plane point R = (x, y, z).
Interpolation is used to derive the mixing energy and its second directional deriva-
tives.
4.2 Mixing enthalpy in multilayers
In this section, we explain the thermodynamic mixing of Ti1−xAlxN in the su-
perlattice Ti1−xAlxN/TiN(001) in comparison with the one of bulk Ti1−xAlxN.
Figure 4.2 shows a schematic way of calculating the coherent phase separation in
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Figure 4.2. Schematic diagram of the phase separation of (a) Ti1−xAlxN bulk and (b)
Ti1−xAlxN/TiN multilayer.
cubic B1 Ti1−xAlxN bulk and Ti1−xAlxN/TiN(001) multilayer. With using the
figure, the mixing enthalpy is written as
∆HTi1−xAlxN(x) =
1
N
(
E
Ti1−xAlxN
` (x)− (1− x)ETiN` − xEAlN/TiN`
)
, (4.6)
for bulk Ti1−xAlxN and
∆HTi1−xAlxN/TiN(x, `1, `2) =
1
N
(
E
Ti1−xAlxN/TiN
`1/`2
(x)− (1− x)ETiN`1/`2 − xE
AlN/TiN
`1/`2
)
.
(4.7)
for the multilayer. N is the total number of atoms in the Ti1−xAlxN slab, EA`
denotes the equilibrium total energy of material A with ` layers along the crys-
tallographic (001) direction. If ∆H is positive, Ti1−xAlxN will decompose to TiN
and AlN and if it is negative, the structure is stable.
For the Ti1−xAlxN/TiN(001) multilayer, the end components are pure TiN and
AlN/TiN(001). The mixing enthalpy ∆HTi1−xAlxN/TiN can be further divided into
two terms: (i) the in-plane lattice matching or strain effects and (ii) the remaining
so called chemical interaction of Ti1−xAlxN and TiN through the (001) interface.
∆HTi1−xAlxN/TiN(x, `1, `2) = ∆H
Ti1−xAlxN/TiN
strain + ∆H
Ti1−xAlxN/TiN
chemical . (4.8)
To quantify the effect of strain on the mixing enthalpy, two methods are pre-
sented and compared in this thesis. The first approach is the constituent strain
method proposed by Ozolin, š et al [105]. The constituent strain energy E
AB/C
const in
AB/C multilayer is defined by
E
AB/C
const = min
a
[
y∆EAB(a) + (1− y)∆EC(a)] . (4.9)
Here, y = `1/(`1 + `2) denotes the relative thickness of the AB layer and
∆Eα(a) = min
c
Eα(a, c)− Eα0 , (4.10)
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Figure 4.3. Schematic drawing of experimental way of obtaining structural data.
stands for the epitaxial strain energy, a and c denote the in-plane and out-of-
plane lattice parameters and Eα0 is the equilibrium energy of layer α. Using Eα0
from Eq.(4.10) and substituting it into Eq.(4.9) one obtains Econst for each system.
Further with the help of Eq.(4.7), the constituent strain contribution to the mixing
enthalpy can be derived as:
∆H
AB/C
const (x, `1, `2) =
1
N
(
min
a
[
yE¯AB`1/`2(a) + (1− y)E¯C`1/`2(a)
]
−
(1− x) min
a
[
yE¯A`1/`2(a) + (1− y)E¯C`1/`2(a)
]
−
xmin
a
[
yE¯B`1/`2(a) + (1− y)E¯C`1/`2(a)
])
. (4.11)
and the remaining contributions come from the interface chemistry.
Another way of making the energy partitioning into a strain and chemical
contributions implements the experimentally available structural data of the mul-
tilayers. It is based on the coherent in-plane lattice parameter of the full system
and the averaged inter-layer distances along the [001] growth direction. Therefore,
we call this method coherency strain approach. According to Figure 4.3, in an
AB/C multilayer one assumes two strong diffraction peaks in the growth direction
what correspond to the interlayer distance in material AB and C, respectively.
Therefore one can introduce an energy expression
EAB/C`1+`2 (x) = yEAB`1+`2(x, a
AB/C
|| , 〈cAB〉) + (1− y)EC`1+`2(aAB/C|| , 〈cC〉), (4.12)
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Figure 4.4. The mixing enthalpy with the constituent strain and coherency strain effect
of (a)6 layers Ti1−xAlxN/6 layers TiN multilayer (b)12 layers Ti1−xAlxN/6 layers TiN
multilayer.
where aAB/C|| is the coherent in-plane lattice parameter and 〈cAB〉, 〈cC〉 are the
averaged out-of-plane lattice parameters. Then, the strain contribution in the
mixing enthalpy is defined as
∆H
AB/C
strain =
1
N
(
EAB/C`1/`2 (x)− (1− x)E
A/C
`1/`2
− xEB/C`1/`2
)
. (4.13)
This expression might reflect the meaning of strain contribution in experimental
studies.
The calculated mixing enthalpy values of both methods are shown in Figure
4.4. One sees that the coherency strain contribution agrees well with the con-
stituent strain contribution. Though, in the coherency strain method one includes
certain chemical effect through the interface, by the coherent lattice parameter,
the contribution is negligible. In Paper II, we base our description on the concept
of coherency strain rather than the constituent one because it allows us to con-
nect the results of the simulations to an experimental interpretation. More details
about the comparison of mixing enthalpy of Ti1−xAlxN bulk and Ti1−xAlxN/TiN
multilayers are presented in Chapter 7.
4.3 Gibbs free energy calculated with the Debye
model
At finite temperature, the Gibbs free energy G is written as
G(p, T ) = Fchemical + Fvib + Fmag + pV, (4.14)
using the Helmholtz free energy F
F = Echemical + Evib + Emag − T (Schemical + Svib + Smag). (4.15)
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Figure 4.5. The Debye approximation to the dispersion relation. The upper branch is
called the optical and the lower branch is the acoustic.
The total energy Echemical is calculated using Density Functional Theory (DFT),
see Chapter 6. The material systems discussed in this thesis are non-magnetic and
therefore, the magnetic contribution is neglected.
For a completely random disordered solid solution, the configurational entropy
Sconf is calculated using the mean field approximation,
Sconf = −kB
∑
i
xiln(xi). (4.16)
where kB is Boltzmann’s constant and xi is the concentration of ith type atoms.
Sconf is temperature independent.
In this thesis, the vibrational energy and entropy is approximated using the
Debye model. The model is explained in Figure 4.5. It treats the atomic vibrations
of the lattice with a linear dispersion relation ω = ck and deals only with the
acoustic branches. The Debye temperature θD can be related to the maximum
frequency ωD,
kBθD = ~ωD, (4.17)
The average sound velocity, s, can be defined by Christoffel equation [113] for
sound velocities as
3
s3
=
∑
λ
∫
1
s3λ(Ω)
dΩ
4pi
. (4.18)
where sλ(Ω) is the phase velocity of the long wavelength acoustic phonons and the
integral means an average over the propagation direction. If s is isotropic, for the
longitudinal (L) and the two degenerate transverse (T) branches, then
3
s3ic
=
1
s3L
+
2
s3T
. (4.19)
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here sL and sT are related with the elastic constants and the mass density ρ,
sL =
√
[C11 +
2
5
(2C44 + C12 − C11)]/ρ,
sT =
√
[C44 − 1
5
(2C44 + C12 − C11)]/ρ, (4.20)
The Debye temperature θD can be expressed as
θD =
~
kB
(6piN/V )1/3sic =
~
kB
(6piNρ/M)1/3sic, (4.21)
M is the mass of a mole of the material. Then at temperature T , one calculates
the vibrational energy and entropy as
Evib(T ) =
9
8
N~ωD +
9N~
ω3D
ωD∫
0
ω3
exp(~ω/kBT )− 1dω,
Svib(T ) =
12NkB
ω3D
ωD∫
0
~ω3/(kBT )dω
exp(~ω/kBT )− 1 − 3NkB ln[1− exp(−~ωD/kBT )] (4.22)
Substituting these expressions into equation (4.14) and (4.15), the Gibbs free en-
ergy with the vibration contribution can be obtained. In Paper V, we investigate
the mixing Gibbs free energy of TixNbyAl1−x−yN at usual cutting operation tem-
perature.
4.4 Thermal expansion coefficient (TEC)
The linear thermal expansion coefficient (TEC) is calculated as
α(T ) =
∑
r
1
3B
(
∂Sr
∂V
)T . (4.23)
where T is the temperature, B is the isothermal bulk modulus, Sr stands for the
different entropy contributions and V denotes the volume. The volume dependence
of each entropy term can be written with the help of the Grüneisen parameter γr
and the heat capacity at constant volume (CV )r. Considering electronic (el.) and
phononic (phon.) entropies one has
α(T ) =
γel.(CV )el.
3BV
+
γphon.(CV )phon.
3BV
. (4.24)
The heat capacity which is the ratio of the heat added or removed within the
temperature change, are approximated through the Debye model as
(CV )phon.(T ) = 9NkB(
T
θD
)
3
θD/T∫
0
x4expx
(expx − 1)2 dx,
(CV )el.(T ) =
2pi2
3
k2BT ×DOS(F ). (4.25)
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Then the thermal expansion coefficients that describes how the materials volume
is altered by expansion with a change in temperature can be approximated. In
Paper VI, the thermal expansion coefficients of Ti1−x−yXyAlxN (X=Zr, Hf, Nb,
V, Ta) solid solutions were predicted by the Debye model.
CHAPTER 5
Elastic properties
The elastic parameters of materials are classified as elastic moduli for polycrystals
and elastic stiffness or compliance for single crystals [114]. Elastic moduli are cal-
culated using effective medium theories, such as the Reuss (lower bound, uniform
strain) and Voigt (upper bound, uniform stress) averaging approaches [115, 116].
Hereby, a scheme is proposed to distinguish these elastic parameters [114]:
elastic  
constants
single-crystal 
elastic coefficients
polycrystal 
elastic constants
elastic stiffnesses
elastic compliances
Poisson’s ratio
Young’s modulus
elastic moduli shear modulus
bulk modulus
5.1 Elastic properties of isotropic solids
Deformation of materials changes the material’s internal mechanical state. These
changes are described by the strain and stress tensors; (r), σ(r).  defines the
local distortion field in the material by
r→ r′ = (1 + (r))r. (5.1)
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and σ describes the induced local internal forces per unit area f via
fi =
∑
j=x,y,z
σijnj , i = {x, y, z}, (5.2)
where n is the normal vector of an arbitrary plane. The diagonal elements of σ
are called normal (or longitudinal, uniaxial) stresses while the off-diagonals are
the shear ones. The eigenvalues of the stress tensor are called principal stresses.
Hydrostatic or the isotropic stress condition is defined if σ = p1, where the scalar
p is the mean stress or hydrostatic pressure. Any stress tensor can be split into a
hydrostatic and a residual deviatoric component.
In the elastic (or linear) regime one defines the Young’s (E) and shear (G)
moduli of a material as
σii = Eii,
σij = Gij i 6= j i, j = {x, y, z} (5.3)
Young’s modulus (E) can be calculated also by (F/A)/(dL/L0), where F is the
applied force, A is the cross area of the material with length L0. dL is the expansion
of the material by the applied force. Thereby this modulus is commonly used as a
measure of strength in engineering. Hydrostatic pressure causes a volume change
∆V of the material and then one defines the bulk modulus B by
p = B(−∆V/V ). (5.4)
Beyond the ratio of B/G introduced by Pugh [117] one plots an Ashby map [118]
showing the material strength defined as E/ρ versus G/B to classify materials
from mechanical engineering point of view, where ρ is the materials density. The
material is characterized as brittle if G/B > 0.57 otherwise one says that the
material is ductile (non-brittle).
5.2 Elastic stiffness tensor
The components of stress σij and strain ij tensors are commonly written in 3× 3
matrix form using Voigt’s notation
σij =
σ1 σ6 σ5σ6 σ2 σ4
σ5 σ4 σ3
 , εij =
 1 26 2526 2 24
25 24 3
 . (5.5)
In case of elastic distortions Hook’s law says that the stress is linearly related
to the strain
σij =
∑
k`
Cijk`k`. (5.6)
and the corresponding coefficient Cijk` is the 2nd-order elasticity stiffness tensor.
The inverse of Cijk` is called the elastic compliance tensor. In the most general
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case of no symmetry, the number of elements in the elastic tensor is 21. The
amount of work made by an infinitesimal distortion di is written by
dU = σidi = V
∑
j
Cijjdi. (5.7)
Therefore
Cij =
1
V
∂
∂εj
∂U
∂εi
, (5.8)
which confirms also the symmetry of
Cij = Cji. (5.9)
One writes the symmetric elastic tensor in a 6 × 6 matrix form using Voigt’s
notation as, 
C11 C12 C13 C14 C15 C16
C22 C23 C24 C25 C26
C33 C34 C35 C36
C44 C45 C46
... C55 C56
C66
 . (5.10)
This full matrix is for the triclinic crystal symmetry class, which has only one
symmetry operation, the unitary operation.
Based on Eq.(5.7), the elastic energy of a solid can be given by
U =
V
2
6∑
i=1
6∑
j=1
Cijεiεj =
V
2
6∑
i=1
6∑
j=1
Sijσiσj . (5.11)
5.3 Elastic moduli of polycrystalline materials
In the Voigt [116] approximation one assumes that the single crystal fibres are par-
allel to the stress axis subject to the same strain but with non-uniform stress, while
the Reuss’s assumption[115] means that the single crystal platelets are arranged
in layers perpendicular to the stress axis with the uniform stress and non-uniform
strain. The following expressions were obtained for the isotropic Polycrystalline
elastic moduli:
BV = (1/3)(L+ 2M),
GV = (1/5)(L−M + 3N).
(5.12)
where
L = (1/3)(C11 + C22 + C33),
M = (1/3)(C12 + C23 + C13),
N = (1/3)(C44 + C55 + C66).
(5.13)
and
BR = 1/(L
′
+ 2M
′
),
GR = 5/(4L
′ − 4M ′ + 3N ′).
(5.14)
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where
L
′
= (1/3)(S11 + S22 + S33),
M
′
= (1/3)(S12 + S23 + S13),
N
′
= (1/3)(S44 + S55 + S66).
(5.15)
Furthermore, the Young’s Modulus is defined as
E =
9BG
3B +G
. (5.16)
The Poisson ratio ν is written as
ν =
3B − 2G
6B + 2G
. (5.17)
In fact, the real physical value of these moduli should lie between the Voigt and
Reuss averages [115, 116]. Therefore an arithmetic average the Hill average is
proposed [119].
BH =
BV +BR
2
,
GH =
GV +GR
2
.
(5.18)
5.4 Elastic properties of cubic disordered struc-
tures
The substitutional disorder used in the SQS approach (Chapter 3) breaks, in gen-
eral, the point group symmetry of the underlying lattice. However, experimental
investigations show that the symmetry of anisotropic materials quantities may not
be altered by subtitutional alloying, or one measures polycrystalline constants,
because one has ceramics that are polycrystalline. For example, the elastic stiff-
ness tensor of c-TiAlN solid solution preserves the cubic symmetry of the parent
materials, c-TiN and c-AlN. A symmetry based projection technique has been sug-
gested [103, 120] to derive accurate prediction of the elastic tensor of substitutional
alloys. For example, the symmetry projected cubic elastic stiffness constants are
calculated as arithmetic averages:
C¯11 =
C11 + C22 + C33
3
,
C¯12 =
C12 + C13 + C23
3
,
C¯44 =
C44 + C55 + C66
3
,
(5.19)
based on nine independent tensor elements: C11, C22, C33, C23, C13, C12, C44, C55
and C66. A criterion for mechanical (not dynamical) stability of the crystal lattice
is obtained from the condition that the energy density can be represented by
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a quadratic form defined positive so that the energy increases with any small
deformation. Thus, the stability criteria of cubic crystals are given by:
C¯44 > 0, C¯11 > |C¯12|, C¯11 + 2C¯12 > 0. (5.20)
Cauchy relations are known as the relations between elastic constants [121]. In
cubic case, it is C¯12 = C¯44. The deviation from Cauchy relations indicates the
deviation from the assumption of central forces.
A measure of elastic anisotropy can be given by:
A¯ = 2C¯44/(C¯11 − C¯12). (5.21)
and the directional dependence of the Young’s modulus [122] is written as
1
E¯`1`2`3
= S¯11 − 2(S¯11 − S¯12 − 1
2
S¯44)(`
2
1`
2
2 + `
2
2`
2
3 + `
2
1`
2
3). (5.22)
The 3-tuple(`1, `2, `3) stands for the directional cosines to the x, y and z coordinate
axes.
For cubic crystals, the polycrystalline elastic moduli are calculated using the
expressions:
BV = BR =
C¯11 + 2C¯12
3
, BH =
BV +BR
2
,
GV =
(C¯11 − C¯12 + 3C¯44)
5
, GR =
5C¯44(C¯11 − C¯12)
4C¯44 + 3(C¯11 − C¯12) , GH =
GV +GR
2
,
E =
9BHGH
3BH +GH
, ν =
3BH − 2GH
6BH + 2GH
. (5.23)
5.5 Elastic Young’s modulus of multilayers
A linear-elasticity model of multilayers has been established with neglecting the
interfacial heterogeneity [123]. Within our sharp interface approximation (see
section 3.2), an analytic formula can be derived for the elastic stiffness constants
of superlattices CSLij . We assume that the superlattice is built from the materials
denoted by 1 and 2. The fractions of materials 1 and 2 in the superlattice are
written as f1 and f2. The stress and strain of the superlattice can be expressed
as a function of the stress and strain of the individual layers:
σ = f1σ1 + f2σ2, µ = f1µ1 + f2µ2, (5.24)
The constituent relations in each layer are
σi = Ciµi, i = 1, 2. (5.25)
The effective elastic constant matrix of the superlattice is defined as
σ = Cµ. (5.26)
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Thus, the elastic stiffness constants of the superlattice are:
CSL = (f1C¯
~n
1M + f2C¯
~n
2 )(f1M + f2I)
−1, (5.27)
where the interface normal vector is ~n,
M = P−11 P2, Pα =

1 0 0 0 0 0
0 1 0 0 0 0(
C¯~nα
)
31···36
41···46
51···56
0 0 0 0 0 1

6×6
(5.28)
The Young’s modulus of the multilayer in the normal direction to the interface is
then given by
E~n = 1/S
SL
33 =
CSL33 (C
SL
11 + C
SL
12 )− 2CSL13 CSL13
CSL11 + C
SL
12
. (5.29)
CHAPTER 6
Density Functional Theory
Density functional theory (DFT) is an exact approach to solve the quantum me-
chanical many body problem. The non-relativistic time-dependent Schrödinger
equation
i
dΨ
dt
= HˆΨ (6.1)
gives the description of the dynamical behavior of a quantum system. Hˆ is the
Hamiltonian of the system which is written in the case of a system of electrons
and nuclei as
Hˆ = −1
2
∑
i
∇2i −
∑
I
1
2MI
∇2I +
1
2
∑
i 6=j
1
|ri − rj | +
1
2
∑
I 6=J
ZIZJ
|RI −RJ | −
∑
i,I
ZI
|ri −RI | .
(6.2)
where the terms represent the kinetic energy of the electrons and the nuclei as well
as the Coulomb interactions between electrons, nuclei and between electrons and
nuclei. MI denotes the mass of the nuclei. ri are the positions for the electrons.
RI and ZI stand for the positions and the charge number of the nuclei. For this
Hamiltonian, the state of the system, the wave function is written as
Ψ = Ψ(r1, r2, r3, ..., rN , σ1, σ2, σ3, ..., σN ,R1,R2,R3, ...,RN , t). (6.3)
where σi are the spin variables of the electrons.
The stationary states of the system are the eigen solutions of the time-independent
Schrödinger equation, which can be written as
HˆΨ = EΨ. (6.4)
Eq.(6.2) has too many variables to solve it exactly and therefore approximations
are essential in order to simplify the task. Since the nuclei are much heavier than
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the electrons, they move much slower and can be considered as "frozen" particles.
This approximation is called Born-Oppenheimer approximation [124], in which
one decouples the electronic freedoms from the freedoms of nuclei motion. Then
the kinetic energy of the nuclei is constant and the Coulomb interactions between
nuclei contribute as a constant term, which we can exclude when solving Eq.(6.4).
The electron-nuclei interaction is then treated as an external field for the electrons.
Therefore, the Hamiltonian of the electrons is given as
Hˆelec = −1
2
∑
i
∇2i +
1
2
∑
i 6=j
1
|ri − rj | −
∑
i,I
ZI
|ri −RI | . (6.5)
In case of periodical systems, the wave function solutions to the Shrödinger equa-
tion has the form
ψnk(r) = e
ik·runk(r). (6.6)
where n is the quantum number, k is a reciprocal vector, eik·r describes a plane
wave and unk(r) is a function with the periodicity of the lattice. Even though
the many body problem has been much simplified with all these approximations,
solving the Schrödinger equation directly is still not practical. Hence, more refor-
mulation of the problem should be done.
6.1 Hohenberg-Kohn theorems
The general idea of density functional theory (DFT) is to use the real electron
density n(r) as a basic variable instead of the complex wave function Eq.(6.3).
The first attempt is known as Thomas-Fermi theory [125, 126], which was based
on the density of a homogeneous electron gas for the kinetic energy and neglected
both exchange and correlations among the electrons. Although Dirac extended
the method with an approximation for the exchange [127], the theory was still
inaccurate in most applications. In 1964, Hohenberg and Kohn [128] formulated
two theorems, that have established the basis of modern density functional theory.
The two theorems are stated as follows:
Theorem 1 For any system of interacting particles in an external potential
Vext(r), the potential Vext(r) is uniquely determined, except an additive constant,
by the ground state particle density n0(r).
Theorem 2 A universal functional for the energy E[n] in terms of the density
n(r) can be defined, valid for any external potential Vext(r). For any particular
Vext(r), the exact ground state energy of the system is the global minimum value
of this functional, and the density n(r) that minimizes the functional is the exact
ground state density n0(r).
It is clear that the energy functional E[n] determines the exact ground state
energy and density, then the external potential on individual electrons is also
obtained and with that all properties of the system can be derived. Therefore all
that is needed is the energy functional E[n]. Its general form is written as:
E[n] = T [n] + Eint[n] +
∫
drVext(r)n(r) + Eion−ion. (6.7)
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where the terms on the right are the kinetic energy of the electrons, the interaction
energy between the electrons, the Coulomb interaction energy of electron density
n(r) with the external potential and the interaction energy between the nuclei.
However, the forms of T [n] and Eint[n] are not known and a practical scheme is
needed to solve the problem.
6.2 Kohn-Sham equation
Kohn and Sham [129] proposed replacing the interacting many-body system with
non-interacting particles that move in an effective external field and have the same
ground state density as the real system. The total energy of this non-interacting
particles can be expressed with the density:
EKS [n] = Ts[n] +
∫
drVext(r)n(r) + EHartree[n] + Exc[n] + Eion−ion. (6.8)
where Ts[n] is the kinetic energy of the non-interacting particles, given by:
Ts[n] = −1
2
N∑
i=1
〈ψi|∇2|ψi〉. (6.9)
The electron density n(r) in a system with N non-interacting electrons can be
calculated as:
n(r) =
N∑
i=1
|ψi(r)|2. (6.10)
The effective potential acting on the non-interacting particles is
Veff (r) = Vext(r) +
∫
dr′
n(r′)
|r− r′| + Vxc(r). (6.11)
The first term is the external potential, the second term is the Hartree potential
describing the Coulomb interaction of an electron with a charge distribution n(r),
and the last term is the exchange-correlation potential:
Vxc(r) =
δExc[n(r)]
δn(r)
. (6.12)
ψi are the solutions of the single-particle Schödinger-like equation:
(−1
2
∇2 + Veff (r))ψi(r) = iψi(r). (6.13)
where i is the eigenvalue of the non-interacting single particle.
EHartree[n] is the Coulomb electrostatic potential energy of the electron density
n(r) with itself:
EHartree[n] =
1
2
∫ ∫
drdr′
n(r)n(r′)
|r− r′| . (6.14)
The trick is that those terms that vanish in a non-interacting, independent
particle system are collected into an energy functional called exchange-correlation
energy Exc[n].
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6.3 Exchange-correlation functionals
The simplest form of the exchange-correlation functional is the Local Density
Approximation (LDA), first suggested in the original paper by Kohn and Sham.
[129] The basic assumption is that the exchange-correlation energy at each spatial
point r in space is equal to the exchange-correlation energy of a homogenous
electron gas with the density homxc (n(r)). The LDA exchange-correlation functional
is thus calculated as:
ELDAxc [n] =
∫
drn(r)homxc (n(r)). (6.15)
LDA is very accurate for the system with spatially slowly varying densities [130].
However, a weakness of LDA calculations is the overestimate of Exc[n(r)] for many
systems resulting in underestimated lattice parameters, which may give rise to
erroneous predictions of the ground state structure. The most cited failure of LDA
is for Fe, the prediction of the ground state structure is non-magnetic face-centered
cubic (fcc), while in fact from experiments it is ferromagnetic body-centered cubic
(bcc) [131]. Furthermore, LDA does not work for weak induced dipole-dipole
interactions, such as Van der Waal’s interactions.
An improvement of the LDA approximation is the Generalized Gradient ap-
proximation (GGA) [132],
EGGAxc [n] =
∫
drn(r)xc(n(r),∇n(r)). (6.16)
which takes into account not only the density n(r) but also the density gradient
∇n. The GGA approximation tends to underbind and it usually gives larger lattice
constants compared to those obtained from experiments.
6.4 Basis sets
To solve the Kohn-Sham equations Eq.(6.13) numerically, the single-particle wave-
functions ψi(r) need to be represented by a basis set. For crystalline solids, the
atomic structure is periodic, a suitable choice of basis set is plane waves. However,
ψi(r) changes rapidly near the nuclei which requires a huge number of plane waves
with high cutoff energy resulting in a very expensive computational cost.
The pseudopotential method [133, 134] is one attempt to solve the problem.
The idea is to substitute the strong Coulomb potential by an effective ionic po-
tential acting on the valence electrons, thus reducing the basis set size and com-
putational time. The pseudopotential is constructed to provide the scattering
properties of the core region and outside some cutoff radius, both the behavior of
the valence wave functions and the effective potentials have to be the same as the
exact ones. Norm-conserving [135] and Ultrasoft [136] pseudopotentials are two
common used pseudopotentials.
An extension of the pseudopotential approach is the projector augmented wave
(PAW) method, originally introduced by Blöchl [137] and further expanded by
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Kresse [138]. It is an all-electron method which retains the wave functions of the
core states as well as applying the frozen core approximation. The full real electron
wave function ψi(r) is still available for total energy evaluations, the reliability and
transferability of the potentials is thus increased.
In connection with the Coherent potential approximation (CPA), see Chapter
3, the Linear Muffin-Tin Orbital (LMTO) method [139] is used. The energy lin-
earization of the Muffin-Tin Orbitals is put into a Hamiltonian formalism. The
localized LMTO basis set, so called tight binding-LMTO was introduced by Ander-
sen et al in 1984 [140]. The minimal basis produces a small Hamiltonian matrix,
which makes calculations more efficient.
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CHAPTER 7
Results
7.1 Thermodynamics stability
7.1.1 Mixing thermodynamics of cubic Ti1−xAlxN/TiN(001)
multilayers
Experimental results show extended age hardening by the spinodal decomposi-
tion of Ti1−xAlxN, the role of lattice coherency and interfacial chemistry on the
driving force of this decomposition process is unexplored. Motivated by this, we
choose cubic (B1) Ti1−xAlxN/TiN(001) multilayers as an example to investigate
the mixing thermodynamics. Modeling alloys in multilayers and the calculation
of mixing enthalpy in the Ti1−xAlxN/TiN(001) multilayer are introduced in de-
tails in Chapter 3.2,1 and 4.2. Here we discuss the multilayers with two different
periodicities: 6 layers of Ti1−xAlxN followed by 6 layers of TiN and 12 layers of
Ti1−xAlxN followed by 6 layers of TiN.
The calculated mixing enthalpy values of Ti1−xAlxN in multilayers (MLs) are
shown in Figure 7.1, compared with the values obtained for the monolithic, bulk
Ti1−xAlxN case. The values are positive indicating a thermodynamic driving
force towards phase separation. The ML curves show the same asymmetric tilting
to higher compositions as in bulk Ti1−xAlxN. The multilayer mixing enthalpies
are significantly suppressed with respect to bulk values, which means that the
multilayer structure has a stabilization effect on Ti1−xAlxN. The decrease in the
thicker 12/6 multilayer is smaller as the overall system is closer to bulk Ti1−xAlxN.
We propose that the stabilization effect can be split into a strain and an interfacial
(or chemical) contribution, and both contributions are significant.
A method of calculating coherency strain effect on the mixing enthalpy is pro-
posed, both the coherent in-plane lattice parameters and the modified lattice struc-
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ture along the (001) growth direction are considered. The mixing enthalpy with
the coherency strain effect is shown in Figure 7.1. It is clear that the strain effect
stabilizes the alloy, but does not give the full decrease of the mixing enthalpy.
The rest of the stabilization effect is defined as the local interfacial or chemical
contribution.
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Figure 7.1. The mixing enthalpy of bulk Ti1−xAlxN(ab initio), the mixing enthalpy
with the coherency strain effect and the mixing enthalpy(ab initio) of Ti1−xAlxN/TiN
multilayer(ML). (a)6/6 ML (b)12/6 ML. The horizontal dashed lines show the maximum
of the mixing enthalpy values for the bulk and the different multilayer cases.
The atomic relaxations were calculated and compared to the situation in bulk
to see the effect of interfaces. With altered relaxations one expects a change in the
effective cluster interactions. Figure 7.2 shows the relaxations of the N atoms along
the z directions in each layer. The z coordinate is chosen because it is the interface
orientation. The N atoms are distinguished by the different first neighborhood:
Al-N-Al, Ti-N-Al, and Ti-N-Ti. The average shift of the relative distortions, shown
by red line, gives that the TiAlN slab shrinks along z, while the TiN slab expands.
The internal, sub-plane with the N atoms surrounded only by Al atoms (noted
as Al-N-Al) has the largest shift. The Ti atoms in the TiN slab scatter wider in
z direction than in x direction. The average relaxation of the Ti atoms does not
follow the common trend which is the fitted straight line. For example, the Ti
atoms in the last layer of the TiAlN slab have an increased amount of Ti first
neighbors from layer 7 (TiN slab), which results in a stronger binding between
the two layers via the Ti-d orbitals. Figure 7.3 shows the Ti-site d-orbital partial
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Figure 7.2. The atomic relaxations of the N atoms with different type of neighbors(Al-
N-Al, Ti-N-Al, Ti-N-Ti)d and the relaxations of the Ti and Al atoms along z direction.
The atomic relaxations are with respect to the ideal positions in each layer for x= 0.55
of bulk Ti1−xAlxN and 6/6 ML.
density of states (PDOS) at the Fermi energy of the Ti1−xAlxN slabs in the 6/6
ML compared with the ones obtained in the bulk. In the multilayer form, one has
lower PDOS values which means an increased Ti-Ti hybridization. Compared to
the bulk, the electronic stabilization effect in the multilayer increases more with
increasing the Al content, which correlates with the decreased tendency toward
decomposition.
7.1.2 Thermal stability of TiN/AlN and ZrN/AlN
To explore the effect of forming semicoherent interfaces during film growth on the
thermodynamic stability of multilayers, we propose to grow TiN or ZrN on AlN
within different interfaces: cubic-(100)//cubic-(100), cubic-(110)//wurtzite-(10-
10), cubic-(111)//cubic-(111) and cubic-(111)//wurtzite-(0001). Figure 7.4 shows
that for both TiN/AlN and ZrN/AlN, the relative energy difference is low be-
tween isostructural coherent interfaces c-(100)//c-(100) and c-(111)//c-(111). The
semicoherent interface, c-(110)//w-(10-10) is favorable for ZrN/AlN but not for
TiN/AlN. c-(111)//w-(0001) is energetically the most favorable interface for both
material systems. Compared to isostructural coherent interfaces, the semicoher-
ent interfaces have higher thermodynamic stability for ZrN/AlN, which matches
the experimental observation of a high thermal stability of the film containing
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Figure 7.3. Bulk and the 6/6 multilayer d-orbital partial density of states (PDOS) at
the Fermi energy (F) of the Ti atoms from only the Ti1−xAlxN slab.
semicoherent interfaces.
We also find that for TiN/AlN, the strain values are largest in case of c-
(110)//w-(10-10) and smallest for c-(111)//w-(0001). For ZrN/AlN, the largest
strain is found for isostructural c-(100)//c-(100) and c-(111)//c-(111) interfaces,
followed by c-(110)//w-(10-10) and smallest for c-(111)//w-(0001) interface. One
can conclude that the higher thermodynamic stability of c-(111)//w-(0001) inter-
face is related to the lower misfit strain, and the fact that AlN is in the stable
wurtzite structure.
Figure 7.4. Ab-initio calculated total energy divided by 192 atoms (eV/atom) relative
to c-(100)[001]//c-(100)[001] for TiN/AlN and ZrN/AlN multilayer.
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7.2 Elastic properties
7.2.1 Alloys
In Chapter 5, the symmetry projected cubic elastic stiffness constants are intro-
duced and the polycrystalline elastic moduli can be calculated. Cauchy pressure
(C¯12 − C¯44) indicates the character of atomic bonds, if it is negative the bond-
ing is directional, while a positive value means delocalized rather metallic bonds.
Figure 7.5 shows G/B values and Cauchy pressure map of ternary X0.5Al0.5N (1),
X0.5Ti0.5N (3) and quaternary alloys X0.33Ti0.33Al0.33N (2) where X can be Zr,
Hf, V, Nb and Ta. Cubic AlN has covalent bonding and highly brittle behavior
while cubic TaN is found as metallic and ductile material. Increased ductility is
observed along the (0)-(2)-(3) lines and it is more clear for X from the VB metals
than for IVB ones. The same behavior is noticed along the (0)-(2)-XN lines. Fur-
thermore, ductility increases with the monotonous increase of the period number
which means 3d valence orbitals to 5d ones. Decreasing Cauchy pressure indicates
tendency toward stronger covalency in the atomic bonds, which results in increased
resistance against shearing. The changes of shear modulus values G correlate with
the Cauchy pressure values.
To have a vivid picture of the elastic anisotropy, the directional dependence of
the Young’s modulus in each quaternary alloy is shown in Figure 7.6. A totally
isotropic system would have a spherical shape, and the degree of geometric devia-
tion from a sphere indicates the degree of anisotropy in a specific property of the
system. The shapes of Zr0.33Ti0.33Al0.33N, Hf0.33Ti0.33Al0.33N, V0.33Ti0.33Al0.33N
are a sphere, while there are deviations from sphere for the other phases. Such a
feature of the E shapes can be explained from considering significant difference in
the nature of bonding behaviors with different components in the system.
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Figure 7.5. The G/B vs. Cauchy pressure map of quaternary XyTi(1−x−y)AlxN alloys
where X is Zr, Hf, V, Nb and Ta.
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Figure 7.6. Three dimensional distribution of the Young’s modulus in the quaternary
XyTi(1−x−y)AlxN alloys where X is Zr, Hf, V, Nb and Ta.
7.2.2 Multilayers
The elastic constants of a multilayer are derived using the linear-elasticity model of
superlattices in Chapter 5.5. The Young’s modulus in the normal direction to the
interface E~n of ternary and quaternary alloys coherently multilayered with TiN and
ZrN binaries is shown in Figure 7.7. The values are for 1:1 fraction of the materials
in the multilayer. E~n correlate with the ones in Figure 7.6 for all alloys and for
both interfaces. The alloys multilayered with ZrN has lower Young’s modulus
values than the alloys multilayered with TiN. Due to the largest Young’s modulus
of HfN along [111] in Figure 7.6, HfN contained alloys in the (111) multilayers
behave distinguished. Furthermore, E~n decreases with increasing TiN content
with [111] interfacial orientation while it increases with increasing TiN content in
[001] oriented multilayers. The high Young’s modulus of all the transition metal
nitrides in the dominant [001] direction determines the strength of the multilayers
and therefore Young’s modulus values are high for (001) multilayers, which we can
conclude that one can estimate the variation of E~n based on Figure 7.6. Moreover,
the multilayers with [111] orientations become more ductile with increasing TiN
content while the increase of the E~n values with the TiN content in the (001)
multilayers results in larger G/B values, which predicts increased brittleness.
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Figure 7.7. The Young’s modulus perpendicular to the interface in coherent (001) and
(111) directional TiN/XTiAlN and ZrN/XTiAlN multilayers where X is Zr, Hf, V, Nb
and Ta. The values are give in GPa.
7.3 Application of Debye model on multicompo-
nent nitride alloys
7.3.1 TixNbyAlzN alloys
With the method introduced in Chapter 3.3 and Chapter 4.3, the effect of NbN
alloying on the high temperature behavior of Ti0.5Al0.5N thin films is investigated.
The mixing Gibbs free energy of cubic TixNbyAlzN (where z = 1−x−y) alloys is
calculated relative to the cubic B1 phases of TiN, NbN, and AlN at 1100 K, which
is shown in Figure 7.8. The mixing free energy of NbAlN and TiAlN is positive for
all compositions, while it is negative for TiNbN, which indicates that NbAlN and
TiAlN alloys are thermodynamically unstable and TiNbN is thermodynamically
stable. The fact that NbAlN is unstable with a maximum in the Al rich end and
TiNbN is stable with a minimum at equal Nb and Ti contents, determines the
topology of the mixing Gibbs free energy surface. The mixing Gibbs free energy
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has a small positive value and it is in between two distinct free energy regions with
positive and negative values of the mixing free energy. In this particular region
the thermodynamic driving force (energy difference - chemical potential) is the
same but with distinguished local environment or second derivative (topology). It
is also clear from Figure 7.8 (a) that the inclusion of the vibrational contribution
stabilizes the solid solution.
Figure 7.8. The mixing free energy surface ∆G with arrows showing the local ten-
dencies for spinodal decomposition in cubic TixNbyAlzN at 1100 K. (a) shows ∆G with
the inclusion of phonon contribution approximated through the Debye model while (b)
displays ∆G with configurational entropy only. The arrows represent the most favorable
directions of local spinodal decomposition. The lengths of the arrows are proportional
to the magnitudes of the second derivatives, which indicate the strength of the decom-
position. In the low Al content part of the diagram where the alloy is stable, there is no
driving force for spinodal decomposition, which is marked by open circles.
For multicomponent alloys, to predict their mixing thermodynamics at high
temperature, one needs an effective approach. Figure 7.9 shows the mixing ener-
getics of Ti1−xAlxN solid solutions calculated at 1500 K. In a) one sees a com-
parison of the Gibbs free energy obtained by TDEP (the temperature dependent
effective potential method which includes the effects of anharmonicity) and by
the quasi-harmonic Debye model using elastic constants calculated for x = 0.0,
0.5 and 1.0 at 0 K. In b) one sees the vibrational contribution to Gmix in both,
TDEP and the quasi-harmonic Debye model. It underlines that Debye model can
be assumed to greatly increase the efficiency of simulations and work fine for the
class of multicomponent nitride coatings.
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Figure 7.9. Mixing energetics of Ti1−xAlxN solid solutions calculated at 1500 K. a)
shows Gmix obtained by TDEP method with solid lines and the dashed lines show the
results of the quasi-harmonic Debye model. In b) the lines display the vibration contri-
bution to Gmix in both, TDEP and the present quasi-harmonic Debye model with elastic
constants calculated for x = 0.0, 0.5 and 1.0.
Spinodal decomposition will occur if the second derivative of Gibbs free energy
is negative. For a ternary alloy, a two-dimensional second directional derivative
should be considered for determining the local spinodal decomposition behavior
and the decomposition will start in the direction with the largest negative value of
the second derivative. The spinodal decomposition trends of TixNbyAlzN alloys
are shown in Figure 7.8 with arrows. It is interesting that vibrational contribution
strongly affects the thermodynamic stability of the solution phases, but not the fa-
vorable local tendencies for the spinodal decomposition. Three experimental sam-
ples, S1: Ti0.42Nb0.17Al0.41N, S2: Ti0.22Nb0.36Al0.42N, S3: Ti0.03Nb0.45Al0.52N
were deposited in the interesting region. The arrows sizes are slowly changing
in the vicinity of S1 while they show a more significant variations around S3. It
suggests different thermal stabilities against spinodal decomposition for the sam-
ples. The calculations indicate that rapid low temperature spinodal decomposition
should occur in S3, which results in significant age hardening though with low tem-
perature stability. For S1 high temperature stability is predicted, higher than for
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S2 and S3. Furthermore, no TiN and NbN are expected during the decomposition.
7.3.2 Thermal expansion coefficients of Ti1−x−yXyAlxN (X
= Zr, Hf, Nb, V, Ta)
In Paper VI, the thermal expansion coefficients (TEC) of multicomponent cubic
nitride alloys Ti1−x−yXyAlxN (X=Zr, Hf, Nb, V, Ta) are predicted with the quasi-
harmonic Debye approximation of phonons through the ab initio calculated 0K
elastic constants. A direct benchmark of the approximation against TDEP in
predicting TEC has been shown with TiN and Ti1−xAlxN.
The linear thermal expansion coefficients of cubic quaternary Ti1−x−yHfyAlxN
and Ti1−x−yTayAlxN solid solutions at 600, 900 and 1200K with the quasi-harmonic
Debye approximation are shown in Figure 7.10. The values increase with the tem-
perature and present a monotonous increase with X amount at all temperatures in
Ti1−x−yTayAlxN. For Ti1−x−yHfyAlxN alloys, the highest value of TEC is shown
in the Al rich vicinity of Hf0.5Al0.5N.
Figure 7.10. The linear thermal expansion coefficients (TEC) of cubic quaternary
Ti1−x−yHfyAlxN and Ti1−x−yTayAlxN solid solutions at 600, 900 and 1200K with the
Debye approximation.
CHAPTER 8
Conclusions and Outlook
My research presented here has explored the most important properties of ni-
tride alloys for high-temperature industrial cutting applications. I illustrated the
power of theoretical investigations as guidance to tailor design novel materials and
consolidate the motto "The right material for right application".
We demonstrate that Ti1−xAlxN solid solution is stabilized by interfacial effects
if it is coherently sandwiched between TiN layers along (001). Motivated by this,
I would investigate the thermodynamics in case of semicoherent multilayers.
The Debye model is used in this thesis to reveal the high-temperature thermo-
dynamics and spinodal decomposition of TixNbyAl1−x−yN and predict the thermal
expansion coefficients of TixXyAl1−x−yN (X=Zr, Hf, Nb, V, Ta). The impact of
phonons on the mixing energetics and the thermal expansion of multilayers are
expected to be captured with reasonable (for industry) accuracy by the efficient
quasi-harmonic Debye model. A fairly complex project would be to establish a
simulation framework in which one considers a finite interfacial thickness (2-3 nm)
with compositional profile that is observed by atom probe tomography.
We also calculated the elastic constants of cubic TixXyAl1−x−yN (X=Zr, Hf,
Nb, V, Ta) solid solutions and their multilayers. An analytic comparison of
strengths and ductility is presented to reveal the potential of these materials in
hard coating applications. A linear-elasticity model of superlattices instead of per-
forming computationally demanding calculations is proposed to derive the elastic
constants and obtain the Young’s modulus, which is one of the important engi-
neering parameter for experiments. In the next step, this method could be applied
to other superlattices. It is also possible to develop a further model on multilayers
including disordered alloys.
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a b s t r a c t
The special quasirandom structure (SQS) approach is a successful technique for modelling of alloys, how-
ever it breaks inherently the point symmetry of the underlying crystal lattice. We demonstrate that
monocrystalline and polycrystalline elastic moduli can scatter significantly depending on the chosen
SQS model and even on the supercell orientation in space. Also, we demonstrate that local disturbances,
such as vacancies or interfaces change the SQS configuration in a way, that significantly affects the values
of the calculated physical properties. Moreover, the diversity of local environments in random alloys
results in a large variation of the calculated local properties. We underline that improperly chosen, gen-
erated or handled SQS may result in erroneous theoretical findings. The challenges of the SQS method are
discussed using bulk Ti0.5Al0.5N alloy and TiN/Ti0.5Al0.5N multilayer as model systems. We present
methodological corrections for the mindful application of this approach in studies of advanced properties
of alloys.
! 2015 Elsevier B.V. All rights reserved.
1. Introduction
Computer simulations play an increasing role in materials
science. They allowone to explain experimental findings andpredict
novel, extraordinary properties of materials using atomistic mod-
elling [1]. Sophisticated approaches based on quantum mechanical
laws are utilised by efficient program packages (VASP, Quantum
Espresso, Abinit, [2–4] etc.) to simulate materials relevant for
fundamental science, as well as for industrial applications.
Moreover, a dramatic increase of the available supercomputer
power allows one to develop high-throughput computational
approaches in tailor-designing novel materials with a serious speed
up of the development process [5,6].
In connection to this success it has been realised that with
multiscale computational simulations one can achieve industrial
conditions, in terms of length and time scales. The need to obtain
more insight about the impact of microstructure on materials
mechanical properties, such as hardness, has been addressed in
the hard coatings industry [7]. In addition, novel approaches have
been developed to extract more advanced materials properties. For
example, high temperature elastic constant [8], vacancy formation
energy calculations or even large time scale diffusion simulations
[9] have been performed beyond the zero temperature ground
state properties calculations. Not only the calculated properties
but also the simulated materials have become more complex, as
inhomogeneous or low dimensional structures can originate a
variety of novel physical phenomena (magnetic, optical or struc-
tural). The simulation of interfaces, multilayers or defects in alloys
require the inclusion of many more atoms in the model and the
system size is further increased in case of finite temperature
simulations.
The description of complex materials at realistic conditions
requires a computationally efficient and accurate atomistic, struc-
tural modelling. The special quasirandom structure (SQS) approach
[10] is an elegant technique to model alloys with a computation-
ally less demanding finite size supercell. The piezoelectric proper-
ties of ScAlN alloys [11,12], or the elasticity of TiAlN [13,14] have
been successfully predicted using SQS supercells. Mayrhofer et al.
have investigated the impact of the atomic configuration on the
structural, elastic properties, and phase stability in TiAlN [15].
The phase diagrams of ZrAlN, HfAlN [16] and the alloying trends
in quaternary Ti-Al-X-N systems [17] have been derived using
the SQS approach. Significant configurational dependence of the
piezoelectric constant has been obtained in B-doped wurtzite AlN
http://dx.doi.org/10.1016/j.commatsci.2015.03.030
0927-0256/! 2015 Elsevier B.V. All rights reserved.
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[18] and the nonlinear macroscopic polarisation in III–V nitride
alloys with wurtzite symmetry have been discussed [19].
Beside the tremendous success of the SQS approach it is impor-
tant to understand some of its shortcomings. The accuracy of the
method is fully determined by the range and the magnitude of
interactions relevant for the description of the particular physical
property in the system [20]. Furthermore, supercell models of
alloys break inherently the point symmetry of the underlying crys-
tal lattice. As finite size effect, local disturbances, such as vacancies
or interfaces change the overall configurational setup of the super-
cell, what can significantly affect the value of the physical quantity
that the calculation is aiming for. Therefore, improperly chosen or
handled SQS supercells may result in a large discrepancy between
theory and experiment or in erroneous theoretical findings.
In this paper we discuss these challenges of the SQS method
using bulk Ti0.5Al0.5N and TiN/Ti0.5Al0.5N multilayer as model sys-
tems. We present correction schemes that allow one to establish
the mindful application of this efficient technique.
2. SQS approach and some of its limitations
The special quasirandom structure (SQS) approach [10] is devel-
oped to predict self-averaging quantities of alloys using finite size
supercells. Self-averaging means that the relative variance of a
physical quantity Q vanishes
hQ2i! hQi2
hQi2 ! 0; ð1Þ
with the inclusion of more and more configurational realisations
[21]. h i stands for mean value. Using the nominator from Eq. (1)
for a binary A1!xBx alloy one can formulate the SQS algorithm as
minimisingX
f
wf Df ð2x! 1Þkf ! !Pf ðrÞ
h i
ð2Þ
where !Pf ðrÞ is the lattice average of the spin products with atomic
configuration r, Df is the degeneracy for figure f ; kf stand for the
number of vertices and wf are the interaction parameters in f. In
case of pair interactions Pf can be expressed with the help of the
Warren–Cowlley short range order (SRO) parameters [22]. In
practice the bracketed term is minimised with respect the atomic
configuration for the chosen figures. For more details see Refs.
[10,20,23].
With the assumption of a finite length scale correlation
between the atomic sites, range of relevant interactions in Eq.
(2), one could attempt to derives a finite size structural model
without the knowledge of wf . However, in this case converging
the obtained results with respect to the number of included SRO
parameters, or in other words with respect to the supercell size,
is a crucial and necessary task.
Beyond the extensive thermodynamic quantities, that are self-
averaging, the SQS approach due to its relatively low computa-
tional demand has become an ultimate technique in modelling
tensorial properties and also in determining local properties of
alloys, such as vacancy formation energy. However, the SQS
approach does not aim to generate structures with a proper point
symmetry of the system. Therefore, predicting the elastic, piezo-
electric constants of alloys within the SQS approach requires extra
considerations. Besides, a general tensorial extension of the cluster
expansion has been developed [24]. Recently, a symmetry based
projection technique has been suggested to predict elasticity of
alloys [14].
For modelling vacancy formation in alloys a local cluster expan-
sion has been developed based on the help of point symmetry
[25,26]. In a finite supercells approach calculating vacancy
formation energy sounds as a straightforward computational task:
remove atoms. However, an SQS supercell contains many different
local environments to represent the structural disorder on the
average. Therefore, in this approach the vacancy formation energy
varies from site to site [27,28]. Moreover, because of the finite size
of the used SQS supercell, the removal of an atom changes not only
the concentration but also the configuration or the SRO parameters
of the model. As it will be shown in Section 4, though, these small
changes have negligible effects on the extensive (self-averaging)
quantities, it alters significantly the value of local quantities, such
as the vacancy formation energy.
In inhomogeneous systems, such as multilayers containing
alloys, the interaction and the large relaxation of the interfacial
atoms can renormalise the effective cluster interactions [20] (ECI)
to such a degree that layer dependent cluster expansion has to
be applied. In addition, the one particle ECIs – the segregation
energies, become extremely important. This rescaled diversity of
the local environmental effects has to be handled on a pure
structural level in using the SQS approach. The interfacial energy
is self-averaging as it is an extensive quantity with respect to the
interface area. If the in-plane size of the supercell is large enough
to include sufficient amount of different local environments (config-
urations), then the total energy of the multilayer can be written as
eML ¼
X
i
yie
bulk
i þ einterfaceðfyigÞ þ estrainðfyigÞ; ð3Þ
where yi are the content ratios and ebulki denote the unstrained bulk
energies of the components in the multilayer, einterface and estrain
stand for the interfacial and constituent strain energies per surface
area [29]. Clearly, in a finite size model the last two terms can
strongly depend on the atomic arrangement. Therefore creating
supercell models for calculating the interfacial energy or the mixing
enthalpy with a common energy alignment of epitaxial substrate-
alloy interfaces or metal-alloy multilayers is not a straightforward
task.
The multilayer breaks the periodicity along the direction per-
pendicular to the layers (z). Thereby all properties have to be
indexed with the layer number (k) with keeping the homogeneity
only in the two periodic directions (x and y) [20]. In Section 5 it will
be shown that one has to take care of a composition profile through
the interfaces and to ensure the same composition in all the layers
of the SQS model to obtain results relevant for simulations of uni-
formly disordered multilayers.
3. Effective elastic properties of cubic TiAlN
In cubic systems the threefold rotation around the [111] direc-
tion transforms the canonical crystallographic direction [100] into
[010] and [001] and accordingly the set of elastic constants
ðC11;C12;C44Þ into ðC33;C13;C66Þ and ðC22;C23;C55Þ. The SQS
approach in general breaks the point group symmetry of the lattice
[14]. Therefore, in general the elastic tensor of an SQS model has a
symmetry class that is lower than what the simulated alloy.
Indeed, the three sets of elastic constants (or the corresponding
crystallographic directions) are not equivalent and thereby the
consideration of only one set of them is inappropriate. Note that,
an averaging technique was introduced in Refs. [14,30] to extract
the symmetry averaged elastic tensor components.
To underline this directional variation of the elastic moduli for
monocrystals, as well as for polycrystals we analyse the effective
elastic constants of Ti0.5Al0.5N derived in Ref. [14] and summarized
in Table 1 for three different supercells shown in Fig. 1, an ordered
L10 structure and two SQS supercells with size ð2& 2& 3Þ and
ð4& 4& 4Þ in terms of the face-centered cubic (fcc) unit vectors.
Elastic properties of polycrystalline materials, such as TiAlN, are
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most important for their technological applications. They are usu-
ally discussed in terms of effective elastic constants using the
Reuss (GR), Voigt (GV) and Hill (GH) averaging [31–33].
The isotropic elastic moduli GR;GV and GH of polycrystalline
Ti0.5Al0.5N together with the derived bulk modulus B using the
three different SQS models and the three sets of elastic constants
are listed in Table 2. In addition, Table 2 shows the convergence
of the bulk modulus B, the isotropic polycrystalline elastic moduli
GR=V=H; E and A, together with the convergence of their direction
dependent values. Note that values of the elastic tensor compo-
nents for monocrystalline Ti0.5Al0.5N simulated with ð4& 4& 4Þ
SQS are well converged [14]. Therefore, we can consider the
corresponding moduli calculated from symmetry averaged elastic
tensor component for this supercell as references to measure the
accuracy of other SQS models. The values indicated with D express
the deviations of respective elastic moduli from this reference
values. One can see, for instance, that the polycrystalline elastic
moduli calculated for ð4& 4& 4Þ supercell show very small direc-
tional dependence.
On the contrary, the use of the ordered L10 structure to simulate
the elastic moduli of the random alloy results, both in the large
directional dependence of all the effective materials constants
and in huge deviations with respect to the converged results. For
instance, in case of GR one gets almost 50% deviation (D) in [001]
from the converged value. Smaller, but still significant directional
variations are obtained in case of the ð2& 2& 3Þ structure. The
Zener’s elastic anisotropy shows extreme directional dependence
in both cases. One can see from Table 2 that even for the
ð2& 2& 3Þ SQS that simulate a random rather than the ordered
alloy, the error in calculated elastic anisotropy can get to '40% if
an unfortunate direction of the supercell is chosen for the
simulation. Note that the use of the symmetrization technique
[14] for this SQS brings the deviations of all the polycrystalline
elastic moduli within 10% from the converged value and the
Zener’s elastic anisotropy within 15%.
Thus, different SQS break the point symmetry differently of the
simulated alloy, what might result in large directional variation of
the calculated effective elastic moduli. These discrepancies vanish
with increased system size by including larger amount of different
local environments. This fact together with the better convergence
of all the isotropic elastic moduli derived from the projected elastic
constants underline the validity of the projection technique.
4. Metal vacancy formation energies in Ti0.5Al0.5N
In the thermodynamic limit vacancy formation does not change
either the average atomic configuration !r or the composition x of
the alloy. However, in the finite supercell approach the removal
of a metal atom alters both, (!r0 ! !r) and (x0 ! x). Therefore, finite
size energy corrections have to be introduced, dEconc: for the con-
centration and dEconf: for the configurational change. The concen-
tration correction can be done by calculating the chemical
potential in the alloy. The configurational correction is much more
difficult to deal with. Here we propose to determine it by making a
cluster expansion in the alloy with and without vacancy and using
the bulk effective cluster interactions (ECIs). The alloy ECIs corre-
spond to wf in Eq. (2) if the alloy energy is expanded as a function
of configurations.
In this study the ECIs of TiAlN were taken from Ref. [34]. In the
finite size SQS the metal vacancy formation energies in TiAlN can
be written as
ETi=Alvf ð!r; xÞ ¼ EN!1ð!r; x;VÞ ! ENð!r; x;VÞ þ
ETi=AlN ðVÞ
N
ð4Þ
where the correction is applied on the host alloy supercell with N
metal atoms specified by atomic configuration !r0 and composition
x0,
ENð!r; x;VÞ ¼ ENð!r0; x;V 0Þ þ dEconf :ð!r; xÞ
¼ ENð!r0; x0;V0Þ þ dEconc:ð!r0Þ þ dEconf :ð!r; xÞ: ð5Þ
Here !r is the changed configuration and x is the changed composi-
tion obtained by vacancy creation. The Vs denote the optimised
volumes at ambient conditions (T ¼ 0 K, p ¼ 0 GPa).
In modelling the alloy a large ð4& 4& 4Þ SQS supercell, based
on the B1 fcc Bravais cell, was generated by optimising the
Warren–Cowlley short-range order (SRO) parameters [22] in the
seven nearest coordination shells, see Fig. 2(a).
To underline the strong variation of the vacancy formation
energies with the local environment we derived the vacancy
formation energies of two Al atoms with clearly distinguishable
atomic neighbourhoods and using fcc-Al reservoir. The calculations
were done using the Quantum Espresso program package [3]. The
exchange correlation energy was approximated by the PBE
generalized gradient functional [35].
Fig. 2(b) and (c) exhibit the two local environments with differ-
ent amount of Al atoms and different type of distribution of them.
In env. #1 one counts less Al atoms in the 1st and 2nd metallic
shells than env. #2. Whereas, env. #2 shows a fairly homogeneous
(spherical) distribution of the Al atoms than env. #1. The calcu-
lated vacancy formation energies are listed in Table 3.
In both cases we obtained positive vacancy formation energies,
what reflects the stability of that Al atoms. However, the two for-
mation energies deviate largely from each other, around 11%.
Table 3 gives the value of the corrections, too. Beyond the fact that
both corrections are large, dEconf: is about 10% of EAlvf , the config-
urational correction has a different sign in the two local
environments.
Thus, we conclude the necessity of both corrections and estab-
lish the strong variation of the vacancy formation energies with
respect to the local environments. Furthermore, the results point
Table 1
Elastic constants of Ti0.5Al0.5N using three structural models; the ordered L10 and two
generated SQS supercells [14]. All quantities are in GPa.
SQS C11 C22 C33 C12 C13 C23 C44 C55 C66
L10 409 409 332 183 197 197 100 100 120
ð2& 2& 3Þ 429 388 443 173 164 169 187 203 188
ð4& 4& 4Þ 457 462 444 149 156 156 202 203 200
C11 C12 C44
L10 384 193 107
ð2& 2& 3Þ 420 169 193
ð4& 4& 4Þ 454 154 202
(a) (b)
(c)
Al
Ti
N
Fig. 1. Structural models to simulate Ti0.5Al0.5N. (a) Is the ordered L10 structure, (b
and c) show SQS structures with a size of ð2& 2& 3Þ and ð4& 4& 4Þ in terms of the
face-centered cubic unit vectors.
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out a request on the interpretation of the several different vacancy
formation energies that can be derived from different SQS
supercells.
5. Mixing enthalpy of TiN/Ti0.5Al0.5N multilayer
In inhomogeneous systems, such as multilayers with interfaces,
an ultimate goal is the prediction of the mixing enthalpy and the
spinodal curve with respect the multilayer periodicity, thickness.
In terms of Eq. (3) it means an accurate access to the interfacial
and the constituent strain energies. Ozolin!š et al. [29] have derived
a technique to obtain this quantities for epitaxial films and super-
lattices. Here we focus ourself on a metal-alloy multilayer, the TiN/
Ti0.5Al0.5N system.
Our aim is to underline the dependence of the derived mixing
enthalpy values on the chosen SQS supercell in modelling a sharp
interface. Thus, we generated three different bulk models with a
size of ð3& 3& 3Þ and sandwiched them between two TiN layers,
see Fig. 3. The model #1 was created by optimising the bulk
Table 2
The bulk modulus (B), Reuss (GR), Voigt (GV) and Hill (GH) polycrystalline elastic and Young’s (E) moduli, the Zener’s elastic anisotropy (A) of Ti0.5Al0.5N together with their
symmetry averaged values using the three different directions ([100], [001], [010]) of the orders L10 structure and two SQS supercells. The values are in GPa. The relative
deviations (D) are calculated with respect the value obtained by the symmetry averaged elastic constants of the ð4& 4& 4Þ supercell and are read in %.
SQS B½100) B½001) B½010) B DB½100) DB½001) DB½010) DB
L10 258 242 268 257 1.71 !4.72 5.38 1.18
ð2& 2& 3Þ 258 257 242 253 1.71 1.18 !4.72 !0.39
ð4& 4& 4Þ 252 252 258 254 !0.92 !0.79 1.576
G½100)R G
½001)
R G
½010)
R GR DG
½100)
R DG
½001)
R DG
½010)
R DGR
L10 105 92 102 102 !40.91 !48.41 !42.32 !42.37
ð2& 2& 3Þ 158 165 151 159 !11.00 !6.96 !14.70 !10.17
ð4& 4& 4Þ 180 173 180 177 1.24 !2.44 1.20
G½100)V G
½001)
V G
½010)
V GV DG
½100)
V DG
½001)
V DG
½010)
V DGV
L10 105 99 102 102 !41.94 !45.36 !43.49 !43.65
ð2& 2& 3Þ 163 169 166 166 !9.82 !6.95 !8.61 !8.29
ð4& 4& 4Þ 183 178 183 181 0.88 !1.98 0.99
G½100)H G
½001)
H G
½010)
H GH DG
½100)
H DG
½001)
H DG
½010)
H DGH
L10 105 95 102 102 !41.43 !46.87 !42.91 !43.02
ð2& 2& 3Þ 161 167 158 162 !10.40 !6.96 !11.62 !9.50
ð4& 4& 4Þ 181 175 181 179 1.06 !2.21 1.10
E½100) E½001) E½010) E DE½100) DE½001) DE½010) DE
L10 277 253 272 271 !36.28 !41.98 !37.45 !37.70
ð2& 2& 3Þ 399 411 390 401 !8.33 !5.51 !10.39 !7.82
ð4& 4& 4Þ 438 427 441 435 0.68 !1.94 1.19
A½100) A½001) A½010) A DA½100) DA½001) DA½010) DA
L10 0.89 1.78 0.94 1.12 !34.29 32.01 !29.95 !17.04
ð2& 2& 3Þ 1.46 1.35 1.85 1.54 8.49 0.07 37.66 14.07
ð4& 4& 4Þ 1.31 1.39 1.33 1.35 !2.60 3.14 !1.48
(a)
(b) (c)
env. #1 env. #2
Al
Ti
vac.
N
Fig. 2. (a) The ð3& 3& 3Þ binary SQS supercell with vanishing SROs up to the
seventh shell. (b and c) Show two particular environments up to the 2nd metallic
coordination shell.
Table 3
Al vacancy formation energies for two particular local environments in Ti0.5Al0.5N. All
quantities are in eV.
Vacancy EAlvf dEconc: dEconf :
env. #1 3.94 !2.63 0.35
env. #2 4.38 !2.63 !0.43
Al
Ti
N
layer 1
layer 2
layer 3
layer 4
layer 5
layer 64
9
10
13
8
10
model #1
layer 4
layer 5
layer 6
layer 1
layer 2
layer 313
8
10
4
9
10
model #2
9
9
9
9
9
9
model #3
Fig. 3. Three different bulk SQS models of Ti0.5Al0.5N to build the multilayer of TiN/
Ti0.5Al0.5N.
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Warren–Cowlley SRO parameters up to the seventh shell with
allowing arbitrary composition profile (homogeneity). Model #2
was obtained from model #1 by a layer shift explained in Fig. 3.
The model #3 has also been derived by optimising the bulk
Warren–Cowlley SRO parameters up to the seventh shell but with
keeping the same composition in each layer, xk ¼ 0:5.
In all the three supercells the final bulk SRO parameters vanish
up to the seventh coordination shell. The in-plane (layer) SRO
parameters – SRO parameters calculated in the two dimensional
atomic layers parallel to the interface, show strong variations
shown in Table 4. In model #1 and #2 the SRO parameters are large
even in the most important 1st and 2nd shells. We establish that
the model #3 model describes the in-plane randomness better
than the other two ones, except a mid-layer, layer 4. However,
the most relevant difference between the three models are the
layer compositions xk listed also in Table 4, especially at the inter-
face with TiN. Model #3 has the proper constrained value xk ¼ 0:5
in each layer so that it also represents bulk randomness. We under-
line, that this corresponds to the proper treatment of inhomoge-
neous systems, see Ref. [20].
Density functional calculations using the Vienna Ab-initio
Simulation Package [2] have been performed to derive total ener-
gies and the structural parameters of the multilayer models. We
used the PBE generalized gradient functional [35] with 400 eV
cut-off and a 4& 4& 2 sampling of the Brillouin zone [36] for the
multilayer structures. Table 5 shows the calculated lattice parame-
ters a and c in Å,the total energies per surface area e in eV/Å2 unit
and the mixing (alloying) enthalpy
DH ¼ ETiN=Ti0:5Al0:5N ! ð1=2ÞETiN ! ð1=2ÞETiN=AlN
N
ð6Þ
in eV/atom, where N is the total number of atoms in the Ti0.5Al0.5N
slab of the multilayer.
Fig. 4 shows the variation of DH with the applied SQS supercell
model, compared with the corresponding bulk Ti0.5Al0.5N mixing
enthalpies. For the comparison the bulk values have to be divided
by the Ti0.5Al0.5N content ratio in the multilayer; that is with 2 in
our cases.
We see that while all the bulk models give accurately the same
bulk mixing enthalpy – 2% deviation, the values for the multilayer
(ML) models scatter. Model #2 results in a value that deviates more
than 7% from the one obtained by model #3 with constrained in-
plane composition. As the obtained lattice parameters of the mod-
els are the same we conclude that the strain energy contribution to
the total energy in Eq. (3) is the same. Therefore, the reason of this
scattering is the different interfacial energy einterface in the models,
what is clearly the consequence of the structural differences.
These draw our attention not only to the fact that the local
interfacial interactions have significant effects, which results in dif-
ferent interfacial energies, but also that improper usage of SQS
supercells may result in a large discrepancy and erroneous
theoretical findings. Furthermore, these results reveal the method
of aligning the energy values in calculating composition deriva-
tives, such as the spinodal curve, by constraining the in-plane
composition xk – using model #3.
6. Summary
In this study we discuss the challenges of special quasirandom
structure approach in modelling the cubic elastic constants, the
vacancy formation energies in cubic B1 Ti0.5Al0.5N and the interfa-
cial effects in TiN/Ti0.5Al0.5N. The SQS approach is a successful
scheme to model and predict the thermodynamic properties of
alloys, yet the technique has to be applied carefully as quantities
that are influenced by the global symmetry and/or local chemical
environment may converge quite slow with the supercell size,
and may depend stronger on the SQS configuration.
Using a symmetry based projection technique one is able to
overcome the fact that different SQS supercells break the point
symmetry differently and thereby represent the elastic behaviour
of the simulated system distinctly. Here, we demonstrated the
strong dependence of the polycrystalline cubic elastic moduli of
Ti0.5Al0.5N on the used supercell and underlined the directional
dependence of the calculated effective isotropic elastic constants
with respect to the SQS model. We illustrated the validity of the
projection technique in extracting the elastic properties of alloys.
In a finite size SQS model the vacancy formation changes not
only the composition but also the SQS configuration. Therefore,
correction techniques are required. We showed on the example
of Al vacancies in Ti0.5Al0.5N, that these corrections are large and
environment dependent, that is the vacancy formation energies
correlate strongly with the local environments. Furthermore, we
Table 4
The layer composition xk and the layer Warren–Cowlley SRO parameters of three SQS
models.
xk 1st 2nd 3rd 4th 5th 6th 7th
Model #1 and #2
Layer 1 0.56 !0.01 !0.01 !0.13 !0.01 !0.01 !0.35 !0.13
Layer 2 0.44 0.21 0.10 !0.24 !0.24 0.10 !0.35 !0.24
Layer 3 0.72 0.17 !0.11 !0.11 !0.11 !0.11 !0.38 !0.11
Layer 4 0.56 !0.01 0.10 !0.24 !0.01 0.10 !0.35 !0.24
Layer 5 0.50 !0.22 !0.22 0.22 0.11 !0.22 !0.56 0.22
Layer 6 0.22 0.20 !0.13 !0.13 !0.13 !0.13 !0.29 !0.13
Model #3
Layer 1 0.50 0.00 !0.22 0.00 0.11 !0.22 !0.56 0.00
Layer 2 0.50 0.00 0.00 !0.22 0.00 0.00 !0.11 !0.22
Layer 3 0.50 0.00 0.00 !0.22 0.00 0.00 !0.11 !0.22
Layer 4 0.50 !0.44 0.22 0.22 !0.22 0.22 !0.11 0.22
Layer 5 0.50 0.11 0.22 !0.22 !0.22 0.22 !0.56 !0.22
Layer 6 0.50 0.00 !0.33 0.11 0.00 !0.33 !0.11 0.11
Table 5
Structural parameters and energies of bulk Ti0.5Al0.5N and the multilayer (ML) of TiN/
Ti0.5Al0.5N. The lattice parameters a and c are in Å, the energy e ¼ E=a2 in eV/Å2 and
the mixing enthalpy per atom, DH=N in unit of eV/atom.
Size a c e DH=N
Bulk model #1 ð3& 3& 3Þ 12.52 !11.610 0.102
Bulk model #2 ð3& 3& 3Þ 12.52 !11.610 0.102
Bulk model #3 ð3& 3& 3Þ 12.53 !11.600 0.100
ML model #1 ð3& 3& 6Þ 12.66 25.28 !24.560 0.078
ML model #2 ð3& 3& 6Þ 12.66 25.28 !24.539 0.086
ML model #3 ð3& 3& 6Þ 12.65 25.28 !24.580 0.080
TiN ð3& 3& 3Þ 12.76 !12.986
AlN ð3& 3& 3Þ 12.21 !10.538
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Fig. 4. A comparison of the mixing enthalpy in bulk Ti0.5Al0.5N and the multilayer
(ML) of TiN/Ti0.5Al0.5N in unit of eV/atom using three different bulk SQS models.
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pointed out the need of interpreting the several different vacancy
formation energies that can be obtained from different SQS
supercells.
The interface in TiN/Ti0.5Al0.5N affects the decomposition
thermodynamics of the Ti0.5Al0.5N slab. While the different SQS
models can agree accurately in the mixing enthalpy value of bulk
Ti0.5Al0.5N, they might represent the interfacial effects differently
and therefore result in different values. We emphasise that in
multilayers all properties have to be indexed with the layer num-
ber (k). Therefore, SQS supercells have to be generated with keep-
ing the compositional homogeneity in each layers. This establishes
the way of making an alignment of the SQS models with keeping
the same composition in each layer in calculating derivatives of
the mixing enthalpy, such as the spinodal curve.
In summary, in this manuscript we discussed some challenges
of the SQS approach and suggested methodological corrections
for the safe application of this efficient technique.
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In this work, we discuss the mixing thermodynamics of cubic (B1) Ti1−xAlxN/TiN(001) multilayers. We show
that interfacial effects suppress the mixing enthalpy compared to bulk Ti1−xAlxN. The strongest stabilization
occurs for compositions in which the mixing enthalpy of bulk Ti1−xAlxN has its maximum. The effect is split
into a strain and an interfacial (or chemical) contribution, and we show that both contributions are significant. An
analysis of the local atomic structure reveals that the Ti atoms located in the interfacial layers relax significantly
different from those in the other atomic layers of the multilayer. Considering the electronic structure of the studied
system, we demonstrate that the lower Ti-site projected density of states at F in the Ti1−xAlxN/TiN multilayers
compared to the corresponding monolithic bulk explains a decreased tendency toward decomposition.
DOI: 10.1103/PhysRevB.93.174201
I. INTRODUCTION
Superhard materials have been synthesized in the form of
superlattices, such as TiN/V(Nb)N [1–3] and ZrN/CN [4], or as
nanocomposites, ZrN-SiN [5], etc. Three major effects—the
lattice strain (coherency) and elastic mismatch [6] and the
interfacial chemistry—are generally attributed to the observed
interfacial strengthening [7]. It has been shown that in
multilayers with coherent interfaces, the relevant one is the
coherency strain effect [8]. However, one should stress that
decoupling the strain or lattice mismatch effects from the
chemical ones is not straightforward.
Ozoliņsˇ et al. [9] have developed a theoretical approach to
discuss the ab initio thermodynamics of immiscible superlat-
tices. In this technique, one splits the superlattice formation
energy into a constituent strain and interfacial or chemical
contribution, which allows for a separation of the strain
effects from the chemical ones. Crystallographic investigations
(diffraction-based techniques such as XRD, TEM, etc.) of
multilayers access lattice parameters and interlayer distances
that are affected by the interfacial chemistry. Therefore,
the extracted coherency strain is not equal to the derived
theoretical constituent strain.
In Ti1−xAlxN/TiN(001) multilayers, extended age hard-
ening is observed [10,11] by the spinodal decomposition
of Ti1−xAlxN [12]. Understanding the role of lattice co-
herency and interfacial chemistry on the driving force of
this decomposition process is unexplored. However, modeling
multilayers built from alloys is a theoretical challenge [13].
Van de Walle used the cluster expansion technique to predict
the compositional profile in Samarium-doped coherent Ceria
superlattices [14], and convergence was achieved with the
inclusion of 70 000 atoms. Advanced theoretical investi-
gations based on the special quasirandom structure (SQS)
approach [15] have exposed the electronic origin of the
thermodynamic instability in Ti1−xAlxN alloys [12]. Recent
*feiwa@ifm.liu.se
molecular-dynamics simulations confirm the high positive
value of the mixing free energy in Ti1−xAlxN alloys at elevated
temperature [16].
In this work, we investigate the effect of lattice co-
herency on the mixing thermodynamics in cubic (B1)
Ti1−xAlxN/TiN(001) multilayers. We extend the method by
Ozoliņsˇ et al. [9] to multilayers with alloys, and we introduce
a decomposition of the observed effect into strain and chemical
(interfacial) contributions. We base our description on the
concept of coherency strain rather than the constituent one
because it allows us to connect the results of the simulations
to an experimental interpretation. We propose that both strain
and interface chemistry contribution are important, and we
show that the chemical effect gives rise to a displacement
from the ideal positions of the Ti atoms on both sides of the
interface. By calculating the Ti-site partial density of states,
we reveal the electronic contribution to the stabilization of
Ti1−xAlxN/TiN(001) multilayers.
II. CALCULATIONAL DETAILS
The multilayer (ML) structures were generated by sand-
wiching 1 monolayers of B1 Ti1−xAlxN between 2 mono-
layers of B1 TiN periodically along the [001] orientation. The
two cubic slabs form a coherent interface. The in-plane size
of the models was (3 × 3) based on the B1 conventional cell.
We generated multilayers with two different periodicities, i.e.,
1/2 was either 6/6 or 12/6. The alloys were modeled within
the special quasirandom structure approach [15] with an Al
mole fraction (x) grid starting from 0 up to 1 using steps of 1/9.
The atomic configurations in the Ti1−xAlxN supercells were
obtained by minimizing the Warren-Cowley pair short-range-
order (SRO) [17,18] parameters up to the seventh nearest-
neighboring shells in the metal sublattice while demanding
the same Al concentration in each monolayer [13]. This
provides an alignment of the ML models for different x.
The assumption of a sharp compositional interfacial region
is valid if the interface thickness is negligible with respect to
the slab thicknesses of both Ti1−xAlxN and TiN. Furthermore,
2469-9950/2016/93(17)/174201(7) 174201-1 ©2016 American Physical Society
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Chu and Barnett [19] have investigated superlattices with
finite interface width using a phenomenological model that
provided quantitative agreements with experiments for nitride
superlattices. They predicted larger interfacial strengthening
for sharper interfaces.
The mixing enthalpy in the Ti1−xAlxN/TiN(001) multilayer
is calculated by the energy difference
H Ti1−xAlxN/T iN (x,1,2)
= 1
N
(
E
Ti1−xAlxN/TiN
1/2
(x) − (1 − x)ETiN1/2 − xE
AlN/TiN
1/2
)
,
(1)
where N is the total number of atoms in the Ti1−xAlxN slab;
EA denotes the total energy of material A with  layers along
(001), which is taken for the calculated equilibrium volume
for each specific system and composition.
The total energy calculations were performed within den-
sity functional theory (DFT) using the projector augmented
wave (PAW) [20] approach implemented in the Vienna Ab
initio Simulation Package (VASP) [21–23]. The exchange-
correlation energy was approximated by the Perdew-
Burke-Ernzerhof generalized gradient functional (PBE-GGA)
[24,25]. In the calculations, we applied a plane-wave cutoff
energy of 400 eV, and reciprocal-space integration was
performed within the Monkhorst-Pack scheme [26] using
k-meshes of (4 × 4 × 2) for 1/2 = 6/6 and (3 × 3 × 1)
in the case of 1/2 = 12/6. These parameters result in
≈ 1 meV/at accuracy in the mixing enthalpy. The structural
parameters of the SQS supercells were relaxed while keeping
the tetragonal cell shape. The total and projected density-
of-states calculations were done on the relaxed structures
using a higher k-mesh: (6 × 6 × 3) for the 6/6 multilayer and
(6 × 6 × 6) for bulk. The energy cutoff was then changed to
520 eV.
III. RESULTS AND DISCUSSION
Figure 1 shows the calculated mixing enthalpies of
Ti1−xAlxN in multilayers (MLs) compared with its monolithic
(bulk) form. The bulk values match well with other litera-
ture [12]. All the mixing enthalpy values are positive, indicat-
ing a thermodynamic driving force toward phase separation.
The ML mixing enthalpies are significantly suppressed with
respect to the bulk values, which means that in the multilayer
structure the coherent TiN confinement has a stabilization
effect on the Ti1−xAlxN slab. It confirms the differential
scanning calorimetry observation that Ti1−xAlxN slabs in
multilayers have an improved thermal stability [10]. The
stabilization effect is smaller in the thicker 12/6 ML as the
overall system is more similar to the bulk alloy. However, this
decrease is not just an arithmetic consequence of having twice
as many atoms in the 12/6 ML; see the dashed lines in Fig. 1.
Furthermore, the ML curves maxima show the same
asymmetric shift to higher compositions as in the bulk.
Comparing the 6/6 and 12/6 MLs, one sees that this tilting
toward higher compositions is lower in the 12/6 case, which
suggests a compositionally increasing term that is gradually
decreasing with increased periodicity. A quantity that behaves
in this way is the in-plane lattice mismatch (strain) shown in
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FIG. 1. The mixing enthalpy of bulk Ti1−xAlxN (ab initio), the
mixing enthalpy with the coherency strain effect, and the mixing
enthalpy (ab initio) of Ti1−xAlxN/TiN multilayer (ML). (a) 6/6 ML
and (b) 12/6 ML. The dashed lines show the maximum of the mixing
enthalpy values for the bulk and the different ML case.
Fig. 2. It provides evidence of the in-plane strain effects on the
mixing enthalpy.
Figure 2 shows the lattice parameter differences between
bulk Ti1−xAlxN at arbitrary x and the relaxed B1-AlN and
B1-TiN lattices (dashed lines). This strain is heavily reduced
in the multilayers as the lattice parameter of the B1-AlN/TiN
FIG. 2. In-plane lattice parameters of multilayers 6/6 and 12/6:
aTi1−xAlxN/TiN and bulk: aTi1−xAlxN.
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FIG. 3. The calculated averaged interlayer distances d using the
fully relaxed structures of both MLs. (a) 6/6 ML and (b) 12/6 ML.
The solid lines show the average of the interlayer distance for
Ti1−xAlxN and TiN in the MLs, while the dashed lines show the
bulk cases.
multilayer is significantly larger than B1-AlN. One also sees
that this in-plane lattice mismatch is larger in the 12/6 ML than
in the 6/6 ML [higher gradient of a||(x)], which correlates with
the smaller stabilization effect observed for 12/6 ML in Fig. 1.
Figure 3 shows the calculated averaged interlayer distances
d using the fully relaxed structures of the MLs. It is seen that
at each composition x one observes mainly three branches
of points. Inside the Ti1−xAlxN slab, the interlayer distance
scatter is small while in the TiN slab one finds two branches.
The solid lines show the average of the interlayer distance
for Ti1−xAlxN and TiN in the MLs, while the dashed lines
plot d in the bulk cases. It is clear that in both multilayers,
the Ti1−xAlxN slab shrinks along the [001] direction with
respect to the bulk while the TiN layer expands. A multilayer
sample was grown using an industrial reactive cathodic arc
evaporation system from Sulzer/Metaplas (MZR-323); see
more experimental details in Ref. [27]. The layer distances
of the sample with x = 0.58, 6.2 μm thickness, and a bilayer
period of 37 nm were obtained by measuring the plane spacing
in the direction normal to the surface for the 422 lattice
planes. The plane spacings of Ti0.42Al0.58N and TiN (normal to
FIG. 4. Comparison of the two chemical effects (normalized
binding energy), the one from Ti1−xAlxN/TiN and the other form
AlN/TiN in the mixing enthalpy of the Ti1−xAlxN/TiN multilayer. (a)
shows the 6/6 ML while (b) displays the 12/6 ML.
surface) are 4.15 and 4.263 ˚A, respectively. The corresponding
interlayer distances are also plotted in Fig. 3(b) as green
triangles. Focusing only on the Ti1−xAlxN slab, one sees that
for any x it shrinks less in the 12/6 ML than in the 6/6. This
is in accord with that observed in Fig. 2, and therefore the
same stabilization argument can be used. The fact that these
two figures coherently express the strain effect on the mixing
enthalpy of the multilayers suggests that the structural misfit
can be used as a partial measure of the relative energetics of
the multilayer.
To quantify the full effect of strain on the mixing enthalpy
in Eq. (1), one needs to include both the coherent in-plane
lattice parameters and the modified lattice structure along the
(001) growth direction. One can assume that an experimental
structure analysis of the thick multilayers that are grown in
practice would result in three peaks for the interlayer distances
d along [001]: (i) bulk Ti1−xAlxN, (ii) bulk TiN, and (iii) some
averaged interfacial interlayer distances. The presence (or
amplitude) of the third peak depends on the amount of
material with that interfacial structure. Having all of this
crystallographic information, one can write the coherency
strain part of the mixing enthalpy H Ti1−xAlxN/TiN as
H
Ti1−xAlxN/TiN
strain
= 1
N
(ETi1−xAlxN/TiN1/2 (x) − (1−x)ETiN1+2 −xEAlN/TiN1/2 ), (2)
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FIG. 5. The atomic relaxations with respect to the ideal positions in each layer for x = 0.55 of bulk Ti1−xAlxN and 6/6 ML
(a) in the x direction and (b) in the z direction. (c) The relaxations of the N atoms with different types of neighbors (Al-N-Al,
Ti-N-Al, and Ti-N-Ti) along the z direction. (d) The relaxations of the Ti and Al atoms along the z direction. See the text for more
details.
174201-4
78 Paper II
COHERENCY EFFECTS ON THE MIXING . . . PHYSICAL REVIEW B 93, 174201 (2016)
with the definition
ETi1−xAlxN/TiN1/2 (x)
= 1
2
E
Ti1−xAlxN
1+2
(
x,a
Ti1−xAlxN/TiN
|| ,〈cTi1−xAlxN〉Ti1−xAlxN/TiN
)
+
(
1 − 1
2
)
ETiN1+2
(
a
Ti1−xAlxN/TiN
|| ,〈cTiN〉Ti1−xAlxN/TiN
)
,
EAlN/TiN1/2 (x)
= 1
2
EAlN1+2
(
x,a
AlN/TiN
|| ,〈cAlN〉AlN/TiN
)
+
(
1 − 1
2
)
ETiN1+2
(
a
AlN/TiN
|| ,〈cTiN〉AlN/TiN
)
. (3)
Here E is the energy of a multilayer with a periodicity of 1/2
when using the optimized averaged lattice parameters with no
chemical interaction through the interface. E stands for the
total energy, aTi1−xAlxN/TiN|| and a
AlN/TiN
|| are the coherent in-
plane lattice parameters of the Ti1−xAlxN/TiN and AlN/TiN
multilayers, and 〈cTi1−xAlxN〉Ti1−xAlxN/TiN, 〈cTiN〉Ti1−xAlxN/TiN,
〈cAlN〉AlN/TiN, and 〈cTiN〉AlN/TiN denote the averaged lattice
parameters corresponding to the peaks (1) and (2) in the
derived/observed interlayer distances.
Using the averaged interlayer distances (solid lines) from
Fig. 3 in Eqs. (2) and (3), one defines the effect of strain on
the mixing enthalpy. The calculated H Ti1−xAlxN/TiNstrain values
are shown in Fig. 1. It is seen that the strain effect due to
the presence of the coherent interfaces with TiN stabilizes the
alloy, however it does not account for the full decrease of the
mixing enthalpy. The rest of the stabilization effect is defined
as the local interfacial or chemical contribution. This chemical
contribution is even more significant than the coherency strain
effect. By subtracting the strain term [Eq. (3)] from each
of the energy terms in Eq. (1), one derives the chemical
contribution to H Ti1−xAlxN/TiN including both interfaces: the
Ti1−xAlxN/TiN(001) and the AlN/TiN(001). These binding
energies Eq. (4) are shown in Fig. 4,
E
binding
Ti1−xAlxN/TiN(x) = E
Ti1−xAlxN/TiN
1+2 (x) − E
Ti1−xAlxN/TiN
1/2
(x),
(4)
E
binding
AlN/TiN(x) = EAlN/TiN1+2 (x) − E
AlN/TiN
1/2
(x).
The overall chemical (interfacial) stabilization can be
obtained by subtracting the latter one from the former. One
should note that the binding energy in Ti1−xAlxN/TiN(001) is
mostly positive, which says that it costs extra energy to build
the interface. However, this energy is less than what one obtains
for the AlN/TiN(001) interface. Therefore, the decomposition
of Ti1−xAlxN interfaced coherently to TiN is also hindered by
the interfacial chemistry.
The nonvanishing multilayer binding energy in Ti1−xAlxN/
TiN(001) (see Fig. 4) indicates that the atomic coordinates,
especially at the interfaces, should show significant deviations
from their ideal lattice positions, the so-called atomic relax-
ations.
The layer-resolved atomic relaxations (scaled, coherent
B1 lattice) are shown in Fig. 5. The ideal structures were
considered at the volume of the fully relaxed structure for
both the bulk and the ML case. The figure shows the
TABLE I. The fitted slopes values (%) of the straight lines and the
corresponding shifts of the layers in the ML slabs ( ˚A) (in parentheses).
Ti0.45Al0.55N TiN
Fig. 5(b) −0.89 (−0.019) 0.78 (0.016)
Fig. 5(c)
Al-N-Al −1.10 (−0.023)
Ti-N-Al −0.64 (−0.013)
Al-N-Ti −0.68 (−0.014)
Ti-N-Ti −0.70 (−0.015) 0.64 (0.013)
Fig. 5(d)
Ti −0.96 (−0.020) 0.85 (0.018)
Al −0.92 (−0.019)
relaxations only for x = 0.55, and the values are measured in
percentage of the lattice parameter of the bulk Ti0.45Al0.55N,
aref = aTi0.45Al0.55N = 4.16 ˚A. The horizontal axis is the layer
number. Figure 5(a) gives a comparison of the relaxations
in the x direction (perpendicular to the growth direction). A
very similar dispersion of the relaxations has been obtained in
the y direction (which is not shown here). One sees that the
relaxations in the Ti0.45Al0.55N slab [bottom part of Fig. 5(a)]
are very similar to the bulk case [upper part of Fig. 5(a)], while
in the TiN part just the interfacial layers show some distortions,
i.e., ±1% wide scattering.
Along the growth direction, a strong difference between the
relaxations in ML and bulk is seen [see Fig. 5(b)]. Although
the width of the scatter within each monolayer of Ti0.45Al0.55N
agrees well between ML and bulk, a systematic shift of the
layers as a whole is observed. The shifts are shown by the
straight lines fitted to the relaxations of the individual atoms.
The fitted slopes and the corresponding shifts of the layers
in the ML slab are summarized in Table I. It is already
known from Fig. 3 that the Ti0.45Al0.55N slab shrinks while
the TiN one expands. This observation is represented by the
distinct slopes of the lines. Using the reference value aref , one
calculates the constant average shifts; see Table I. For example,
in the Ti0.45Al0.55N slab one obtains −0.019 ˚A, which agrees
with the value plotted in Fig. 3. In Fig. 5(c), the relaxations
of the N atoms with different types of neighbors (Al-N-Al,
Ti-N-Al, and Ti-N-Ti) along the growth direction are shown.
It is seen that the plane with the N atoms surrounded (from
above and below) only by Al atoms has the largest shift,
while the other ones, even in the TiN slab, show the same
shift around 0.014 ˚A. Figure 5(d) compares the relaxations
of the Al and Ti atoms. One sees that the Ti atoms in the
TiN slab scatter wider in the growth direction than in x; see
Fig. 5(a). However, the most striking result is the average
relaxation of the layers of Ti atoms. In the interfacial layers
(layer numbers 1,12 or 6,7), the average relaxation of the Ti
atoms breaks the common trend, i.e., they do not sit on the
fitted straight lines. The Ti atoms in layer 6 in the multilayer
have an increased amount of Ti first neighbors from layer
7 (TiN slab), which results in a stronger binding between the
two layers via the Ti-d orbitals. According to the fitted straight
lines, the Ti atoms in layer 6 should shift down while in layer
7 they should relax upwards. However, the increased binding
results in an increased interlayer distance between layers 5
174201-5
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FIG. 6. Bulk and the 6/6 multilayer d-orbital partial density of
states (PDOS) at the Fermi energy (F) of the Ti atoms from only the
Ti1−xAlxN slab.
and 6 (Ti0.45Al0.55N slab) while it becomes smaller between
layers 7 and 8 (TiN slab). These local interfacial relaxations
underline the fact that the interactions between the interfacial
atoms along the growth directions differ from those in bulk
Ti1−xAlxN alloy. In multilayers one should use layer-resolved
effective interactions to express the configurational energetics,
and one expects a significant contribution from the on-site
interactions; see Ref. [18].
Let us now discuss the electronic structure of the studied
system. Figure 6 compares the Ti-site d-orbital partial density
of states (PDOS) at the Fermi energy (F) of the Ti1−xAlxN
slabs in the 6/6 ML with those in the bulk. The lower PDOS
values in the ML mean increased Ti-Ti hybridization, which
is explained as the stabilization effect in the bulk [12]. The
figure shows that with increasing Al content, this electronic
stabilization effect in the ML increases more compared to the
bulk, which correlates well with the observed increased mul-
tilayer binding energy displayed in Fig. 4. Since the increase
of Ti-site projected DOS at F with increasing Al content
indicates the increased tendency toward decomposition [12]
in the bulk, we underline that this effect is clearly suppressed
in the ML by means of more d−d hybridization.
IV. CONCLUSIONS
In this study, we investigated the mixing thermodynamics of
cubic (B1) Ti1−xAlxN/TiN(001) multilayers, and we showed
that the mixing enthalpy is suppressed compared with bulk
Ti1−xAlxN by the interfacial effects. That is, the coherent
interface with TiN was shown to stabilize Ti1−xAlxN. We
predict the largest effect around the composition where the
mixing enthalpy of bulk Ti1−xAlxN has its maximum. The
decrease of the mixing enthalpy in the multilayers was then
split into a strain and an interfacial chemical contribution,
and both effects are equally important. The in-plane lattice
mismatch between Ti1−xAlxN/TiN(001) and AlN/TiN(001)
was shown to correlate with the stabilization. The full strain
contribution to the suppression was discussed on the basis of
the structural properties of the multilayers. The fact that the
lattice parameter and interlayer distances coherently expressed
the stabilization effect of the structural misfit was suggested
as a good partial measure of the relative energetics of the
multilayers. We showed that the chemical effects result in large
local atomic relaxations, especially for the Ti atoms on both
sides of the interface. By calculating the electronic structure for
the multilayer, we observe that the increase of Ti-site projected
DOS at F with increasing Al content, known as the electronic
origin of a strong tendency toward the decomposition in the
bulk Ti1−xAlxN, is clearly suppressed in the multilayer.
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a b s t r a c t
Wear resistant hard ﬁlms comprised of cubic transition metal nitride (c-TMN) and metastable c-AlN with
coherent interfaces have a conﬁned operating envelope governed by the limited thermal stability of
metastable phases. However, equilibrium phases (c-TMN and wurtzite(w)-AlN) forming semicoherent
interfaces during ﬁlm growth offer higher thermal stability. We demonstrate this concept for a model
multilayer system with TiN and ZrAlN layers where the latter is a nanocomposite of ZrN- and AlN- rich
domains. The interfaces between the domains are tuned by changing the AlN crystal structure by varying
the multilayer architecture and growth temperature. The interface energy minimization at higher growth
temperature leads to formation of semicoherent interfaces between w-AlN and c-TMN during growth of
15 nm thin layers. Ab initio calculations predict higher thermodynamic stability of semicoherent in-
terfaces between c-TMN and w-AlN than isostructural coherent interfaces between c-TMN and c-AlN.
The combination of a stable interface structure and conﬁnement of w-AlN to nm-sized domains by its
low solubility in c-TMN in a multilayer, results in ﬁlms with a stable hardness of 34 GPa even after
annealing at 1150 C.
© 2016 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
1. Introduction
Development of new materials for wear resistant coatings with
high hardness at elevated temperature is a long-standing techno-
logical challenge. The current workhorse material for the wear
resistant coatings on metal cutting tool inserts is TiAlN with
50e67 at% of Al on the metallic sublattice [1e3]. TiAlN exhibits
hardness enhancement at annealing temperatures between 700
and 900 C due to spinodal decomposition of the supersaturated
cubic (c)-TiAlN solid solution into c-TiN and metastable c-AlN
[4e9]. The isostructural domains form coherent interfaces
contributing to the age hardening. However the lattice coherency
breaks down above 900 C when c-AlN transforms to the thermo-
dynamically stable wurtzite (w) phase [6]. The resulting incoherent
interfaces cause a hardness drop and thus limit the working en-
velope of the ﬁlm [6]. Several approaches, such as multicomponent
alloying [10e13], multilayering [14,15], and interface coherency
strain tuning [16] have been developed to enhance the stability of
themetastable c-AlNwith respect tow-AlN. Nevertheless, there is a
temperature limit around 1000 C [15], abovewhich themetastable
c-AlN assumes its thermodynamically stable wurtzite structure. A
volume expansion associated with the transformation leads to
structural instability which further deteriorates the mechanical
properties of the material [17].
Here, we investigate an alternative material design route to
improve the thermal stability of TM-Al-N ﬁlms, i.e, instead of
forming AlN in the metastable cubic phase we propose to grow it in
its stable wurtzite structure but with semicoherent interfaces to c-
TMN. The concept originates from recent experimental studies by
us and others showing ﬁlms consisting w-AlN with semicoherent
interfaces to display higher hardness similar to the ﬁlms containing
c-AlN [18e21]. It exposes the fact that even though w-AlN has a
lower shear resistance [22], ﬁlms containing w-AlN could be
strengthened by growing them such that semicoherent interfaces
are formed. The current knowledge of semicoherent growth of w-
AlN is, however, limited [19,20,23], and their thermal stability is yet
* Corresponding author.
E-mail address: naugh@ifm.liu.se (N. Ghafoor).
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to be studied. These topics are addressed in this article using TiN/
ZrAlN as a model system.
ZrAlN is an immiscible alloy with a maximum enthalpy of
mixing around Zr0.4Al0.6N, the composition chosen in this study
[24,25]. During high temperature growth the alloy segregates to its
binaries ZrN and AlN [18]. By adapting a multilayer structure it is
known that the crystal structure of AlN can be tuned between the
cubic and wurtzite phases by varying the layer thickness [26e28].
Here we combine these phenomena and vary the growth temper-
ature to switch between isostructural (c-TMN/c-AlN) and hetros-
tructural (c-TMN/w-AlN) with coherent or semicoherent interfaces
in the magnetron sputtered TiN/ZrAlN multilayers. We probe the
thermal stability of hetrostructural semicoherent interfaces by
measuring the hardness before and after elevated temperature
anneals. The relative thermodynamic stability of isostructural and
hetrostructural coherent interfaces are calculated by ﬁrst principle
calculations. The results provide insights in to the interface crys-
tallographic and chemical requirements to enhance the thermal
stability of TM-Al-N ﬁlms to achieve an unaffected high hardness
even after annealing to high operational temperatures.
Note the term “interface” is used in the text for both layer in-
terfaces as well as boundaries between chemically segregated do-
mains and collectively all interfaces are referred as “internal
interfaces”.
2. Experimental and calculation methods
TiN/Zr0.43Al0.57N multilayer ﬁlms were deposited on MgO (001)
substrates in a high vacuum dual DC magnetron sputter deposition
system with a background pressure of 2 105 Pa. Details of the
deposition chamber can be found elsewhere [29]. A 75 mm diam-
eter pure Ti and a pre-alloyed Zr0.4Al0.6 target were used. The
discharge was obtained at N2 and Ar partial pressures of 0.06 and
0.5 Pa, respectively. Applied powers of PTi ¼ 200 W (power den-
sity ~ 4.5 Wcm2) and PZr0.4Al0.6 ¼ 150 W (power density ~ 3.4
Wcm2) resulted in deposition rates of 0.15 (TiN) and 0.18
(Zr0.43Al0.57N) nm/s, respectively. The individual layers thicknesses
(l) of TiN and Zr0.43Al0.57N in the multilayer structure were
controlled by shutters in front of each target. The nominal thickness
lTiN was kept constant at 15 nm, whereas lZrAlN was set to 2, 5,10, 15,
and 30 nm in a growth series of ﬁve ﬁlms.
Monolithic ﬁlms of TiN and Zr0.43Al0.57N (with a 30 nm thick TiN
buffer layer) were also deposited for reference. A total ﬁlm thick-
ness of about 1 mmwas achieved for all samples to ensure reliable
hardness measurements. All ﬁlms were grown at a substrate tem-
perature of Ts ¼ 700 C. However, an additional multilayer with
lZrAlN ¼ 15 nmwas deposited at Ts ¼ 900 C to ensure growth of w-
AlN with semicoherent interfaces. This ﬁlmwas further annealed at
1150 C for 2 h under controlled atmosphere of 95% N2 and 5% H2 to
probe thermal stability.
The composition of the monolithic ﬁlms was determined by
elastic recoil detection analysis (ERDA) using a 40 MeV Iþ beam,
having an incident angle of 67.5 with respect to the surface
normal, and the recoils were detected at an angle of 45. The
measured ERDA data was converted into relative atomic concen-
tration proﬁles using the CONTES code [30]. Structural changes
were characterized by X-ray diffraction (XRD) with a Panalytical
Empyrian diffractometer operated in Bragg-Brentano geometry
using Cu-Ka radiation at 40 kV and 40 mA. Transmission electron
microscopy (TEM) and scanning transmission electron microscopy
(STEM) were performed using a FEI Tecnai G2 TF 20 UT FEG mi-
croscope operated at 200 kV, equipped with an energy-dispersive
X-ray analysis spectrometer (EDX). For STEM analysis, a high
angular annular dark ﬁeld (HAADF) detector with a camera length
of 160 mm was used. Cross section TEM (XTEM) samples were
prepared by conventional mechanical polishing followed by ion
milling [21].
Atom probe tomography (APT) was used to obtain quantitative
information regarding the interface chemistry. APT was performed
on four ﬁlms; lZrAlN ¼ 2 and 15 nm (Ts 700 C), lZrAlN ¼ 15 nm (Ts
900 C) in its as-deposited state and after isothermal annealing.
Atom probe specimens were prepared in a dual-beam focused ion
beam/scanning electron microscopy (SEM) workstation imple-
menting the in situ lift out technique [31]. A 200 nm thick Pt layer
was electron beam deposited on the ﬁlm surface to reduce Ga
implantation during specimen preparation. The measurements
were carried out using a LEAP™ 3000X HR CAMECA™ system
operated in laser pulsing mode (532 nm wavelength) with a
repetition rate of 160 kHz, base temperatures of 40e50 K, and laser
pulse energies of 0.4e0.5 nJ. The data were reconstructed using the
standard algorithm developed by Bas et al. [32] and analyzed with
the software CAMECA™ IVAS 3.6.8.
First principle calculations were performed to compare the
relative thermodynamic stabilities between isostructural and
hetrostructural interfaces. The total energy calculations were per-
formed within the density functional theory (DFT) using the pro-
jector augmented wave (PAW) approach [33] implemented in the
Vienna Ab initio Simulation Package (VASP) [34]. The Perdew-
Burke-Ernzerhof generalized gradient functional (PBE-GGA) [35]
was used to approximate the exchange and correlation functional.
A plane-wave energy cutoff value of 450 eV was used. The recip-
rocal space integration was performed within the Monkhorst-Pack
scheme [36] using a k-mesh of 5  5  1. To determine the ther-
modynamic equilibrium conﬁguration of the multilayers, the in-
plane lattice parameter, the c/a ratio, and all the atomic co-
ordinates were relaxed.
Multilayers of TiN/AlN and ZrN/AlN were modeled with
different interface structures. Fig.1 shows themodels together with
the interfacial matching. The models were built with 1:1 metal-to-
metal atomic ratio between the parental slabs (TiN, ZrN and AlN), a
condition which results in different slab thicknesses for the
different multilayers. The in-plane size and the thicknesses were
varied until the relative energy differences between the different
multilayers (a-d) were converged. This was achieved for in-plane
Fig. 1. Multilayer models and the corresponding interfacial matchings (black skele-
tons). (a) c- (100)[001]//c-(100)[001], (b) c-(110)[001]//w-(10-10)[001], (c) c-(111)
[1e10]//c-(111) [1e10], (d) c-(111) [1e10]//w-(0001) [11e20].
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sizes made by the (2 2) repetition of the black skeletons shown in
Fig. 1. Convergence was achieved using 192 atoms in the models.
This means in total 96 metal atoms for the (a), (c) and (d) multi-
layers. The multilayer (b) does not commensurate with the other
three models in terms of the number of metal atoms therefore its
total energy was derived by a linear interpolation of the energies
calculated with models built from 72 and 168 metal atoms.
Hardness and Young’s modulus were obtained using a load-
controlled UMIS nano indenter equipped with a Berkovich dia-
mond indenter with a tip radius of approximately 150 nm. An op-
timum load of 12 mN was selected to avoid substrate effects and
obtain load independent mechanical properties. A minimum of 30
indents for each ﬁlm were used to evaluate the average and stan-
dard deviation of the hardness (H) and elastic modulus (E) using
the Oliver and Pharr method [37].
3. Results
3.1. Composition
The as deposited monolithic ﬁlm compositions determined by
ERDAwere Zr0.43Al0.57N and TiN (±1.5 at%) with a nitrogen to metal
ratio close to 1 ± 0.05. Oxygen and carbon impurities account for
less than 0.2 at% while the Ar content is 0.8 at% in the ﬁlms. The Al
content in the ZreAleN ﬁlm is lower than that of the target by
about 3 at%, which stems from preferential re-sputtering of Al
during deposition [21,38]. A comparison of the quantitative
compositional analysis between data recorded by APT and ERDA is
given in Table 1 using an average of 5 layers in the APT analysis.
However, the peak overlap between Zrþ3 and TiNþ2 ions in the
mass spectrum does not permit precise measurement of the Zr
concentration. The composition of the monolithic TiN and ZrAlN
samples weremeasured by ERDA, and for all elements except Zr the
results are comparable between the two techniques. Measured
error is less than 0.05 at. % for both the techniques. No segregation
of the impurities at the multilayer interfaces is observed in APT.
3.2. XRD analysis
Fig. 2 shows X-ray diffractograms of the Zr0.43Al0.57N ﬁlm,
multilayers with lZrAlN ¼ 2, 10, 15 and 30 nm grown at Ts ¼ 700 C,
and the multilayer lZrAlN ¼ 15 nm grown at Ts ¼ 900 C in its as
deposited and annealed states. The close lattice-match causes TiN
002 and MgO 002 diffraction peaks to overlap and they cannot be
resolved in these diffractograms. The monolithic ﬁlm shows only
one weak and broad diffraction signal around 32.4, interpreted as
w-AlN 0002. The peak shift to a slightly lower diffraction angle than
purew- AlN is attributed to Zr incorporation in thew-AlN, whereas
the peak broadening reﬂects the nanocrystalline nature of the ﬁlm.
The short period multilayers lZrAlN ¼ 2 and 5 nm exhibit ﬁnite
thickness fringes around TiN (MgO) 002 diffraction peak indicative
of a superlattice nature of these multilayers. The diffraction signal
originates entirely from (002) cubic planes, which indicates
epitaxial growth of these short period multilayers.
The appearance of a TiN 111 diffraction peak in lZrAlN ¼ 10, 15,
and 30 nm (hereafter, referred to as long period multilayer) sug-
gests polycrystalline growth. The absence of c-ZrN peaks and the
appearance of a broad diffraction peak around 32.4 suggest that
the Zr0.43Al0.57N layers in the long period multilayers are structur-
ally similar to the monolithic ﬁlm.
The multilayer, lZrAlN ¼ 15 nm deposited at Ts ¼ 900 C shows a
distinct diffraction pattern with a single broad peak centered be-
tween c-ZrN 002 and w-AlN 0002 peak positions. Upon annealing
at 1150 C, two broad peaks at 2q ¼ 35.77 and 39.65 appeared.
The phase identiﬁcation in these ﬁlms is ambiguous and will be
addressed later when combining XRD with TEM investigations.
3.3. Microstructure of as-deposited ﬁlms
3.3.1. Monolithic Zr0.43Al0.57N ﬁlm
The cross sectional HAADF-STEM image of Zr0.43Al0.57N mono-
lithic ﬁlm in Fig. 3a shows contrast variation with a wavelength of
~3 nm, attributed to the formation of ZrN- and AlN-rich domains
during growth. The ﬁlm displays weak columnar contrast in the
bright ﬁeld TEM image (Fig. 3b). The lattice resolved image reveals a
preferentially oriented wurtzite crystal structure in the growth
direction. A closer analysis of the image shows that the wurtzite
lattice repeatedly interrupts about every 2e3 nmwith regions that
do not display fringes, hereafter referred to as a distorted structure.
The wurtzite lattice corresponds to AlN- rich domains, and the
Table 1
Composition of as depositedmonolithic and multilayers measured by ERDA and APT
analysis.
Technique/Film Location Avg. Comp. at. %
Ti Zr Al N O Ar C
APT/Multilayer TiN 49.8 e 0.3 49.5 0.1 0.1 0.01
ZrAlN 0.2 e 28.2 51.3 0.3 0.25 0.01
ERDA/Monolithic TiN 49.3 0 0 48.9 0.1 0.5 0.01
ZrAlN 0 21.6 28.5 48.4 0.1 1 0.01
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Fig. 2. XRD of monolithic Zr0.43Al0.57N ﬁlm and TiN/Zr0.43Al0.57N multilayers deposited
at Ts ¼ 700 C (proﬁles in black), lZrAlN ¼ 15 nm multilayer deposited at 900 C and
after annealing at 1150 C (proﬁles in red).
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distorted regions correspond to ZrN-rich domains.
The SAED pattern shows wurtzite reﬂections with 0002 pref-
erentially orientated in the growth direction and, in agreement
with the XRD results, no cubic diffraction peaks are observed. The
lattice parameters, az3.66 Å and cz 5.41 Å determined from the
SAED are larger than the equilibrium lattice parameter of w-AlN
[39]. Again, this is in agreement with the XRD 0002 peak being
shifted with respect to pure w-AlN indicating that AlN-rich do-
mains contain Zr.
These observations suggest that the segregated monolithic
Zr0.43Al0.57N ﬁlm form a nanocomposite with incoherent interfaces
where AlN-rich regions assume a preferentially oriented wurtzite
structure and ZrN-rich domains assume a distorted structure.
Despite the distorted ZrN-rich domains the nanocomposite ﬁlm
displays a crystallographic texture governed byminimization of the
surface energy of w-AlN, i.e. <0002> orientation in the growth
direction.
3.3.2. Short period multilayers and coherent interfaces
In the short periodmultilayers (lZrAlN¼ 2 and 5 nm)well deﬁned
interfaces between TiN and Zr0.43Al0.57N layers are observed in TEM
(Fig. 4). STEM images show bright and dark modulations within the
Zr0.43Al0.57N layer that correspond to vertical aligned ZrN- and AlN-
rich domains with a wavelength of ~2 nm. The SAED patterns only
contain cubic diffraction spots along two different zone axis and no
wurtzite phase is observed. The lattice resolved images shows
cube-on-cube epitaxy between TiN and Zr0.43Al0.57N layers. It
means that the AlN- rich domains assume a metastable cubic
crystal structure, forming coherent interfaces with both TiN and
ZrN, which leads to a self-aligned and compositionally modulated
structure (Fig. 4d). The lattice resolved images (Fig. 4b and e) also
showmisﬁt dislocations and the density is higher within the ZrAlN
layer, i.e. between the segregated c-ZrN- and c-AlN- rich domains,
compared to the interfaces between TiN and ZrAlN layer. This is a
consequence of higher misﬁt strain between c-ZrN and c-AlN
(~10%) compared to themisﬁt strain between the c-TiN and c-ZrAlN
layers (~1.5%).
The bright ﬁeld TEM image shows continues contrast of
threading dislocations in the growth direction, more clearly seen
for the multilayer of lZrAlN ¼ 2 nm in Fig 4c, which is typical for
epitaxial growth. The epitaxial growth causes correlated layer
roughness in the growth direction which was also observed in APT
reconstruction of lZrAlN ¼ 5 nm multilayers as shown in Fig. 5 inset
image.
The 1D concentration proﬁles from the APT data of the multi-
layer with lZrAlN ¼ 5 nm (Fig. 5) show an average interface width of
~4 nm between the alternating TiN and Zr0.43Al0.57N layers. This
implies that the actual Zr0.43Al0.57N layer thickness shrinks to
~1 nm, while the rest of the layer consists of ZrN and AlN- rich
domains intermixed with Ti. Thus, in epitaxial lZrAlN ¼ 2 nm
Fig. 3. XTEM images of the monolithic Zr0.43Al0.57N ﬁlm: (a) STEM-HAADF, (b) BF-TEM, (c) SAED (arrow indicates the growth direction), and (d) HR-TEM.
Fig. 4. STEM, HR-TEM, and BF-TEM micrograph with SAED insets of short period
multilayers grown at 700 C: (aec) lZrAlN ¼ 2 nm, and (def) lZrAlN ¼ 5 nm. T symbol in
Fig. b, and e indicates dislocations.
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multilayer the Zr0.43Al0.57N layers are expected to be fully inter-
mixed with TiN. These observations suggest that the layer
composition in short period multilayers signiﬁcantly deviate from
the nominal values and need to be considered when describing
metastable phase formation.
3.3.3. Long period multilayers: interface structure versus growth
temperature
The multilayer with lZrAlN ¼ 15 nm was chosen for detailed
microstructural analysis since all of the long period multilayers
show similar X-ray diffractograms. Fig. 6 shows XTEM images of
this multilayer grown at 700 C (a-c), and 900 C (d-f), respectively.
STEM images at low and high magniﬁcations reveal randomly
distributed ZrN- and AlN- rich domains in the ZrAlN layers when
grown at Ts ¼ 700 C. The HRTEM micrograph (Fig. 6c) shows a
nanocomposite structure of w-AlN-rich and distorted ZrN-rich
domains similar to what has been observed in the monolithic
ﬁlm (see Fig. 3a). This suggests that the epitaxy associated with the
templating effect of TiN is lost for the long period multilayers
(lZrAlN > 10 nm). Similar to the monolithic ﬁlm, the ZrAlN layers
display a weak 0002 diffraction signal from the w-AlN-rich do-
mains in Fig. 6a. The ZrN-rich domains are too small and distorted
to result in an observable diffraction signal, whereas the c-TiN
shows nearly continues diffraction ring. These observations suggest
that the w-AlN forms incoherent interfaces with both ZrN and c-
TiN.
In contrast, the STEM micrograph of the multilayer grown at
900 C reveals a compositionally modulated microstructure with
vertically aligned domains within the Zr0.43Al0.57N layer (Fig. 6d
and e), similar to what is observed for the short period multilayers.
The crystallographically aligned wurtzite and cubic reﬂections in
SAED pattern implies that the w-AlN-rich domains form semi-
coherent interfaces to c-ZrN and c-TiN. Fast Fourier transform (FFT)
of the lattice resolved image in combination with SAED yield a
coherency relation of (110)c-TiNk(110)c-ZrNk(10-10)w-AlN and [001]c-
TiNk[001]c-ZrNk[0001]w-AlN, here after termed type I interfaces. A
substrate-ﬁlm SAED pattern (not shown here) revealed
(100)MgOk(100)c-TiN and [001]MgOk[001]c-TiN.
The lattice resolved image (Fig. 6f) conﬁrms the coherency be-
tween c-ZrN and w-AlN domains, and c-ZrN domains and TiN
layers. The type I interface formation causes an expansion of the c-
ZrN lattice and a shrinkage of the c-axis of w-AlN along the growth
direction. This explains the origin of a single broad XRD peak be-
tween the c-ZrN 002 and w-0002 in Fig. 2. The weak cubic 111
reﬂections in the SAED pattern are signatures of an additional
orientation which evolves further after annealing the multilayers
Fig. 5. 1D concentration proﬁle of lZrAlN ¼ 5 nm (nitrogen not shown here) from a
localized volume within the APT reconstruction shown in the inset. Black arrows
indicate the region of chemical intermixing between the layers.
Fig. 6. Cross sectional TEM analysis of lZrAlN ¼ 15 nmmultilayers. Overview STEM images with SAED inset, magniﬁed STEM, and HR-TEM images from left to right for the multilayers
grown at 700 C (aec) and 900 C (def). SAED annotations, 1, 2 and 3 corresponds to cubic-111, 200, 220 reﬂections, a and b corresponds to wurtzite-10-10 and 0002. The twin
diffraction pattern of cubic phase in (d) corresponds to c-TiN and c-ZrN.
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and it will be addressed in Section 3.4.
APT was performed to unveil compositional effects behind the
structural variation of lZrAlN ¼ 15 nm multilayers as a function of
growth temperature. Fig. 7a shows 2D Al concentration maps from
1 nm thick virtual slices of Zr0.43Al0.57N layers perpendicular to the
growth direction from the multilayers grown at 700 and 900 C.
The more pronounced segregation for Ts ¼ 900 C is evident by a
larger domain size and a higher frequency of AlN-rich domains. The
average composition ratios (Al: Zr) evaluated by proximity histo-
gram (not shown here) were 0.9 and 0.3 for the w-AlN- and c-ZrN-
rich domains, respectively. The values indicate that the AlN-rich
domains are relatively pure compared to ZrN- rich domains. Pre-
vious studies on TiAlN reveal that the segregation on the metallic
sublattice has a signiﬁcant inﬂuence on the stability of the meta-
stable cubic phase related to the differences in electronic structure,
bond energy, and conﬁgurational contribution to the total energy
[40].
The APT 1D proﬁles in Fig. 7b show interface widths of
approximately 4 nm in the 700 and 900 C multilayers. The inter-
mixed layer is comparable to what was observed in short period
multilayers and thus, indicates that the interface width is an atomic
mixing caused by the ion-bombardment during growth and the
difference in growth temperature is too small to affect the inter-
mixing. The interface topography analysis of Zr0.43Al0.57N layers
shows that the bottom interface is rougher compared to the top
interface in both multilayers, which is likely caused by a faceted
columnar growth of TiN layers.
3.4. Interface chemistry and crystallography after annealing
The STEM analysis (Fig. 8a) of the multilayer lZrAlN ¼ 15 nm
(Ts ¼ 900 C) after isothermal annealing at 1150 C for 2 h shows a
lateral coalescence of AlN domains (dark contrast) to approxi-
mately 20 nm in size surrounded by ZrN (bright contrast) in the
lateral and TiN (grey contrast) in the growth direction. The
Zr0.43Al0.57N displays a decrease in the layer thickness from 15 nm
in the as-deposited state to 5 nm after annealing. A comparison of
EDX line spectra of the as-deposited and annealed ﬁlm (Fig. 8b)
shows that ZrN and TiN interdiffuse. However, due to higher vol-
ume fraction of the TiN layer, out diffusion of ZrN is dominant,
leaving behind AlN as the main constituent in the original
Zr0.43Al0.57N layer, which explains the decrease in layer thickness.
An APT reconstruction in Fig. 8c shows the formation of pure
AlN with intermittent ZrN domains and out diffusion of ZrN from
the Zr0.43Al0.57N layer. The AlN (red) domains distribution is pre-
sented in the reconstructionwith Al ions and the ZrN (blue) domain
distribution is presented with ZrN complex ions, respectively, to
avoid showing spatial artifacts in the reconstruction originating
from minor peak overlaps of Zrþ3 and TiNþ2 ions in the mass
spectrum. A relatively higher volume fraction of ZrN at the bottom
interface is visualized in the reconstruction and also in the iso-
concentration surfaces created for the top and bottom interfaces of
the Zr0.43Al0.57N layers shown in Fig. 8d. Proximity analysis across
the AlN domian interfaces (Fig. 8d), shows concentration gradient
of Zr with an average value of 10 ± 1 and 16 ± 1 at%, resulting in
Ti0.8Zr0.2N and Ti0.68Zr0.32N compositions at the top and bottom
interface respectively (interfaces are marked with arrows). We
attribute this to the presence of columnar boundaries near the
faceted TiN surface (i.e., bottom interfaces with relatively higher
topographical roughness in the as deposited multilayers) providing
shorter path for Zr diffusion.
SAED pattern of the annealed multilayer in Fig. 9 shows
conﬁned reﬂections of cubic and wurtzite phases identical to the as
deposited multilayer (see Fig. 6d). This is an important result
indicating that the semicoherent interfaces of w-AlN are stable
even after isothermal annealing. The faint c-111 reﬂections seen in
the as-deposited multilayer, however, become intense after
annealing. The combination of HRTEM, FFT, SAED pattern, and our
previous plan-view image analysis [18] reveal two different inter-
face coherency relations (Fig. 9ced):
Type I: c-ZrN (110)[001] k w-AlN (10-10)[001], exist in both as
deposited and annealed multilayers, and.
Fig. 7. (a) Plan-view 2D concentration map of Al from the Zr0.43Al0.57N layer in
lZrAlN ¼ 15 nm multilayer from a localized volume within the APT reconstruction, and
(b) 1D concentration proﬁles across the layer interfaces.
Fig. 8. Analysis of lZrAlN ¼ 15 nm (900 C) multilayer after isothermal annealing. (a)
STEM image,(b) EDX line proﬁle, inset image shows proﬁle of as-deposited multilayer,
(c) reconstructed APT tip, (d), proxigrams of TiN/AlN top and bottom interface, inset
images shows isoconcentration surface of Al 30 at% (red, solid) and ZrN 20 at% (blue,
wireframe). Black arrows in (c) indicate top and bottom interfaces for proximity his-
togram construction. (For interpretation of the references to colour in this ﬁgure
legend, the reader is referred to the web version of this article.)
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Type II: c-TiN (111)[1e10] kw-AlN (0001)[11-20] , which forms only in
small amounts (faint c-111 reﬂection) during deposition and grows
in extent during annealing.
The crystallographic details of the two semicoherent interfaces
are visualized in Fig. 9b with c-110 kw-10-10 (type 1) and c-111 kw-
0001 (type II) having the same crystallographic in plane symmetry.
The analysis also explains the origins of the XRD-peaks at 35.77
and 39.65 of the annealed multilayer (see. Fig. 2) to be domains
with type II and type I interfaces, respectively. The lattice resolved
images display misﬁt dislocations between the hetrostructural
domains (Fig. 9c and d) for both type I and II interfaces, which is
expected from the high misﬁt strain (3.6e8%).
3.5. Ab-initio thermodynamic stability of the interfaces
First-principles calculations were performed to evaluate the
interfacial energies of TiN/AlN and ZrN/AlN bicrystals using the
multilayer models shown in Fig. 1aed. The results in Fig. 10 show
that the relative energy difference is low between isostructural
coherent interfaces with (100) and (111) orientations for both TiN/
AlN and ZrN/AlN. For hetrostructural semicoherent interfaces we
infer that the Type I is favorable for ZrN/AlN interfaces but not for
TiN/AlN, whereas type II interfaces are energetically the most
favorable ones for both material systems. The calculations also
reveal that semicoherent c-TMN/w-AlN structural archetypes have
higher thermodynamic stability compared to isostructural
coherent interfaces, i.e. c-TMN/c-AlN. This underlines the experi-
mental observation of a high thermal stability of the ﬁlm,
lZrAlN ¼ 15 nm, when it contains semicoherent interfaces.
The common in-plane lattice parameter of the multilayer and
the strain values calculated in each layer are listed in Table 2. In the
case of TiN/AlN, the strain values are largest for type I, followed by
isostructural interfaces and smallest for type II interfaces. For ZrN/
AlN, the largest strain is found for isostructural interfaces, followed
by type I and smallest for type II interfaces. It is to be noted that the
higher thermodynamic stability of a type II interface is related to the
lower misﬁt strain, combined with the fact that the AlN is in its
stable wurtzite structure. Accordingly, the structural misﬁt and the
bulk free energy can be suggested as a measure to predict the
relative thermodynamic stabilities in chemically modulated struc-
tures containing different coherent interface structures.
3.6. Mechanical properties
Fig. 11a shows the variation in H and E of the monolithic and
multilayered ﬁlms as a function of Zr0.43Al0.57N layer thicknesses for
Ts ¼ 700 C. The trend for E follows closely the rule-of-mixture of
monolithic TiN with a value of 458 ± 15 GPa and Zr0.43Al0.57N with a
value of 220 ± 7 GPa. A high hardness is measured for the short
period coherenet interface containingmultilayers with a maximum
value of 35 ± 2 GPa for lZrAlN ¼ 5 nm. In contrast, the long period
multilayers with incoherent interfaces display a monotonic hard-
ness drop as a function of Zr0.43Al0.57N layer thickness. However,
the multilayer lZrAlN ¼ 15 nm deposited at 900 C, consisting
semicoherent interfaces, shows a higher hardness (Fig. 11b) in its
as-deposited state. More importantly, this multilayer display a
stable H value of 34 ± 1.5 GPa, after isothermal annealing at 1150 C.
We ascribe the stable hardness of the annealed ﬁlms to the ther-
mally stable semicoherent interfaces between w-AlN and c-TiN, c-
ZrN.
4. Discussion
The current study is an investigation of the crystal and interface
structure of TiN/ZrAlN multilayers grown at temperatures between
700 and 900 C. TiN attains a stable cubic (B1) structure and due to
a close lattice match grows epitaxially on MgO [41]. Immiscible
Zr0.43Al0.57N on the other hand segregates into ZrN and AlN-rich
domains during the growth. Here, the growth temperature corre-
sponds to ~0.4 of the melting temperature, which sets the average
adatom diffusion lengths to a few nm for the current deposition
rates [42]. This results in a nanocomposite structure of ZrN and AlN.
Fig. 9. Type I and Type II Interface structure of multilayer shown in Fig. 8. (a) SAED
pattern, where annotation 1, 2 and 3 mark c-111, 200, 220, and a, b and c mark w-10-
10, 0002, 10e12 reﬂection. (b) visualization of the two interfaces, (ced) HR-TEM im-
ages and (eef) corresponding FFT of the two interface types. T symbol in Fig. c, and
d indicates dislocations.
Fig. 10. Ab-initio calculated total energy divided by 192 atoms (eV/atom) relative to c-
(100)[001]//c-(100)[001] for TiN/AlN and ZrN/AlN multilayer.
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In the TiN/Zr0.43Al0.57N multilayers, the segregated AlN- rich
domains form coherent, semicoherent, and incoherent interfaces
with TiN and ZrN depending on the thickness of ZrAlN layer and the
growth temperature. Interestingly, the semicoherent w-AlN/c-TMN
interfaces display signiﬁcantly high thermal stability with a stable
hardness compared to the monolithic ﬁlms and multilayers of
TiAlN and ZrAlN forming incoherent interfaces [15,43]. The mech-
anisms governing the different interface structure formation and
their effects on thermal and mechanical stability are discussed
here.
4.1. Inﬂuence of Ts and lZrAlN on crystal and interface structure
From the APT analysis of the long period multilayers, incorpo-
ration of approximately 10 at% Zr in AlN-rich domains and ~30 at%
Al in ZrN-rich domains is determined. This suggests that the sub-
strate temperature of 700 C enables segregation within the
Zr0.43Al0.57N layers, however insufﬁcient adatom mobility at the
growth front limits the formation of pure binaries. The high solute
amount in ZrN- rich domains leads to a distorted structure,
whereas the lower solute concentration in the AlN- rich domains
enable it to forms its stable wurtzite structure (Fig. 3d). The
resulting nanocomposite of w-AlN and distorted ZrN forms inco-
herent interfaces both in monolithic ﬁlm and in long period
multilayers.
The short period multilayers (lZrAlN  5 nm) on the other hand,
consist of coherent interfaces. This is a direct consequence of
metastable c-AlN domain formation. The stabilization of meta-
stable c- AlN with a layer thickness between 2 and 5 nm in an
epitaxial multilayer structure is attributed to the interface energy
dominating the bulk free energy and strain energies [26,44]. The
interface energy minimization is achieved by adapting the crystal
structure of AlN layer to that of the underlying c-TiN layer and thus
forming a low energy coherent interface. However, the chemical
gradients constitute a signiﬁcant portion of the multilayer, as
observed in the case lZrAlN 5 nm (Fig. 5). This has a favorable effect
on the stabilization of metastable c-AlN rich domains by reducing
the structural misﬁt with the templating TiN layer and ZrN-rich
domains. Hence, we suggest that the metastable phase formation
in the short period multilayers is a combined effect of chemical
intermixing and epitaxial stabilization. An additional favorable
factor is the segregation on the metallic sublattice that reduces the
number of ZreAl bonds which might favor the metastable cubic
phase stabilization of ZrAlN similar to what has been shown for
TiAlN [40].
Beyond the critical layer thickness i.e. lZrAlN > 10 nm, the tem-
plate effect is lost and AlN domains assume its stable wurtzite
structure with incoherent interfaces to the distorted ZrN domains
similar to the monolithic ﬁlms. This leads to termination of
epitaxial growth between the layers of ZrAlN and TiN.
A transition from the incoherent to semicoherent interfaces
between w-AlN and the cubic phases (TiN and ZrN) in the long
period multilayers is obtained by increasing the growth tempera-
ture to 900 C. The semicoherent interfaces form because: (i) higher
deposition temperature leads to a more pronounced segregation
within the Zr0.43Al0.57N layers (Fig. 7a), which reduces the solute
induced distortion causing ZrN-rich domains to attain a cubic
crystal structure, and (ii) the higher growth temperature provides
sufﬁcient adatommobility for TiN and ZrN to attain 002 orientation
in the growth direction and thus favouring semicoherent interfaces
between c-ZrN (110) and w-AlN (10-10), driven by the interface
energy minimization. These two surfaces have similar in plane
symmetry (Fig. 9b).
The importance of the material selection to promote semi-
coherent interfaces with w-AlN is noticeable here. For example,
studies on TiAlN/MgO (001) performed under similar growth con-
ditions as used in this study showed segregated domains of c-TiN
and w-AlN with incoherent interfaces [45]. Our calculations also
conﬁrm higher thermodynamic stability of the coherent interfaces
betweenw-AlN (10-10) and c- ZrN (110) compared to c-TiN (110), as
the later one generates relatively higher misﬁt strain.
In addition, the orientation of w-AlN (0001) and c-ZrN (002) in
Table 2
Ab-initio calculated in-plane common lattice parameter and the strain in different layers as a function of interface structure variation for TiN/AlN and ZrN/AlN multilayer.
Interface structure Common in-plane lattice
parameter, Å
% Strain TiN % Strain AlN % Strain ZrN % Strain AlN
TiN/AlN ZrN/AlN TiN/AlN ZrN/AlN
c-(100)//c-(100) 4.18 4.45 1.42 1.46 2.79 8.01
c-(110)//w-(10-10) Type 1 4.37 4.63 3.07 12.25 1.14 7.03
c-(111)//c-(111) 2.94 3.08 2 0.89 4.94 5.69
c-(111)//w-(0001) Type 2 3.06 3.2 2 1.61 1.23 2.89
(a)
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(b)
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Fig. 11. H, E of monolithic and multilayers. (a) Films grown at 700 C, (b) multilayers with dZrAlN 15 nm grown at 900 C and isothermally annealed at 1150 C. Ref. values: *TiN/
TiAlN, TiAlN [15], #ZrN/ZrAlN [43].
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the growth direction, also minimize the growth front (ﬁlm-vacuum
interface) surface energy. Subsequently, the nanoscale domains of
c-ZrN/w-AlN grow simultaneously by adapting a coupled growth
similar to what has been observed for directionally solidiﬁed
eutectic systems for a wide range of materials [46]. This results in a
chemically modulated structure (Fig. 6e) with non-isostructural
semicoherent interfaces between c-ZrN and w-AlN inherited
across the TiN layer and form type 1 interfaces with amisﬁt strain of
7%.
Further reduction of the strain energy occur through a
competitive type II interface formation where the c-TiN (111) grows
epitaxial tow-AlN (0001) with a misﬁt strain of 4%. The MgO (001)
surface promotes type I interfaces and the evolution of type II in-
terfaces is attributed to a higher thermodynamic stability in
agreement with the theoretical predictions.
4.2. Thermal stability of semicoherent interfaces
The thermal stability is an important criteria to qualify semi-
coherent interface structural archetype for elevated temperature
applications. The competition between the strain and interface
energy, bulk free energy sets a critical domain size, abovewhich the
semicoherency is likely to breakdown. At elevated temperature,
coalescence of w-AlN results in larger domains which may lead to
semicoherency breakdown to relive the strain energy. For the iso-
structurally decomposed c-TiN and c-AlN, the critical domain size
for coherency breakdown is ~15 nm [47]. This relatively small
critical size is an effect of c-AlN being a metastable phase with an
energy penalty of 0.18 eV/atom with respect to its thermodynamic
equilibrium structure [48]. In contrast, for the semicoherent w-AlN
domains in the TiN/ZrAlN multilayer, the only driving force for the
coherency breakdown stems from the strain energy. Therefore, the
critical size of w-AlN domains to commence coherency breakdown
is expected to be signiﬁcantly larger and consequently results in
higher thermal stability of the interfaces.
In short, the retained coherency at the interfaces after
isothermal annealing at 1150 C in the TiN/ZrAlN multilayers is
ascribed to: (i) relatively higher thermodynamic stability of semi-
coherent type 1 interfaces compared to the isostructural interfaces,
(ii) evolution of type II interfaces to lower the strain energy of the
ﬁlm, (iii) inter-diffusion between ZrN and TiN generating compo-
sitionally graded interfaces to further reduces the misﬁt strain for
type II interface as the in-plane lattice parameter misﬁt between c-
Ti(Zr)N (111) and w-AlN (0001) becomes smaller, and (iv) con-
strained coalescence ofw-AlN domains by conﬁning them between
the immiscible cubic phases both in the growth and lateral di-
rections, thereby keeping the domains smaller than the critical size.
Previous ﬁrst principle calculations at 0 K indicate that the
TiNeZrN material system is immiscible with positive enthalpy of
mixing in the order of 0.06 eV/atom [49e51] associated with a
lattice mismatch of about 7%. However, the current study reveals
interdiffusion between TiN and ZrN during elevated temperature
annealing. At the annealing temperature of 1150 C, it is likely that
the entropy of mixing (DSmix) supersedes the enthalpy of mixing
(DH mix), such that the miscibility gap closes and provides a ther-
modynamic drive for the intermixing. This analysis is in line with
the recent theoretical predictions [24] and previous observation by
Rogstr€om et al. [52].
4.3. Inﬂuence of interface structure on the mechanical properties
Monolithic Zr0.43Al0.57N shows signiﬁcantly lower H and E
compared to the rest of the ﬁlms. The lower hardness is likely
caused by a coordinated shear displacement, similar to what has
been shown for the nanostructured TMN thin ﬁlmswith incoherent
interfaces [53,54]. The lower elastic modulus is a combined effect of
higher volume fraction of w-AlN phase which has a higher
compliance compared to cubic TiN and AlN [22], and also that the
distorted ZrN domains cause elastic softening similar to nano-
structured metals [55].
The hardness varies systematically in the multilayers upon
varying the Zr0.43Al0.57N layer thickness (Fig. 11a). For the short
period multilayers consisting coherent interfaces the spatial ﬂuc-
tuation in elastic properties across the layers and within the
Zr0.43Al0.57N layer offer Koehler [56] strengthening while the lattice
misﬁt between the isostructural coherent interfaces results in co-
herency hardening [57]. Both strengthening mechanisms become
more prominent for the multilayers with 5 nm lZrAlN, resulting in
the highest H value of 35 ± 2 GPa.
The long period multilayers (lZrAlN  10 nm) display a decrease
in H as a function of Zr0.43Al0.57N layer thickness. Here the inco-
herent interfaces between the nanoscale segregated domains of w-
AlN and distorted ZrN domains offer relatively lower shear resis-
tance similar to the monolithic Zr0.43Al0.57N ﬁlm. For the multi-
layers lZrAlN ¼ 15 nm, grown at 900 C, the evolution of
semicoherent interfaces between w-AlN and c-TMN domains
(Fig. 6f) make them more resistant to the coordinated shear
displacement which results in higher hardness (Fig. 11b). The key
signiﬁcance of these multilayer structures is that the hardness
(34 ± 1.5 GPa) is stable even after isothermal annealing at experi-
mentally constrained temperature of 1150 C and further high
temperature studies are needed to probe the ultimate thermal
endurance limit of the semicoherent structure.
We suggest that the thermally stable semicoherent interfaces
between w-AlN and c-TMN domains offer both Koehler and co-
herency hardening similar to the isostructural interfaces between
c-TiN and c-AlN. In addition, the non-isostructural semicoherent
interfaces provide an additional obstacles to dislocation glide due
to the misorientation between the active glide planes c-TiN {110}
and w-AlN f0001g; f1011g [58,59]. A high hardness combined
with a relatively low elastic modulus of the c-TMN/w-AlN structural
archetypes is likely to cause superior wear resistance similar to
what has been observed for other hard coatings [60].
5. Conclusions
Multilayer structures consisting TiN and Zr0.43Al0.57N nano-
composite layers were grown using magnetron sputtering on MgO
(001) substrates. The interfaces between the layers and between
ZrN and AlN domains were tuned from coherent, semicoherent to
incoherent, by varying the multilayer design and the growth
temperature.
AlN-rich domains assume a metastable cubic structure in the
multilayers with lZrAlN  5 and the stable wurtzite structure in the
multilayers with lZrAlN > 10 nm and in the monolithic ﬁlm. The
metastable phase formation in the short period multilayers is
suggested to be a combined effect of chemical intermixing and
epitaxial stabilization, yielding multilayers with high hardness.
For the wurtzite phase containing ﬁlms the growth tempera-
tures around 700 C are found to be inadequate to obtain complete
segregation within ZrAlN layer and the presence of Al in the ZrN-
rich domains causes a distorted ZrN structure, which leads to the
formation of incoherent interfaces between ZrN domains and the
w-AlN lattice. Higher growth temperature of 900 C facilitates
pronounced segregation of w-AlN and c-ZrN domains, and the
interface energy minimization of the nanoscale modulated struc-
ture leads to evolution of semicoherent interfaces between w-AlN
and cubic phases (TiN and ZrN). Two types of coherency relations
are found, where c-ZrN(110)[001]kw-AlN(10-10)[001] interfaces are
promoted by a MgO (001) template effect and the c-TiN(111)[10-1]kw-
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AlN(0001)[11-20] interfaces are promoted by the higher thermody-
namic stability.
The semicoherent interfaces offer both Koehler and coherency
hardening mechanisms. Due to higher thermodynamic stability of
the interface structures and limited domain growth of w-AlN pro-
vided through conﬁnement between TiN layers and ZrN domains,
the coherency and thus the hardness retains at ~34 ± 1.5 GPa after
elevated temperature annealing.
These ﬁndings show the potential of improving the shear
strength of materials by modifying the interface structure between
the thermodynamically stable c-TMN-w-AlN phases. We believe
that in parallel to the efforts of improving the stability of metastable
phases, the approach of designing thermally stable multiphase
materials with tailored interface structures provides a complete
new dimension for thin ﬁlm materials to be used at elevated
temperatures.
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a b s t r a c t
We give a comprehensive overview of the elastic properties of cubic quaternary transition metal nitride
alloys and coherent nitride multilayers for design of wear resistant hard coatings. The elastic stiffness
constants of the alloys are calculated using the special quasirandom structure method. For multilayers
with sharp interfaces we prove the applicability of a linear-elasticity approximation and show that it can
be used with success instead of performing direct computationally demanding ab initio calculations. We
explore the trends and the potential of multicomponent alloying in engineering the strength and
ductility of both, quaternary alloys and their multilayers. We investigate X(1xy)TixAlyN alloys where X is
Zr, Hf, V, Nb or Ta, and present an analysis based on increasing x. We show that with increasing Ti content
ductility can increase in each alloy. Elastic isotropy is observed only in (Zr,Hf,V)(1xy)TixAlyN alloys in the
middle of the compositional triangle, otherwise a high Young's modulus is observed along [001]. We
predict that coherent TiN/X(1xy)TixAlyN and ZrN/X(1xy)TixAlyN alloy multilayers with the [111]
interfacial direction show increasing ductility with increasing x, while the multilayers with the [001]
orientation become more brittle. We show that the Young's moduli variation in the parent bulk qua-
ternary nitride alloy provide a reliable descriptor to screen the Young's modulus of coherent multilayers
in high-throughput calculations.
© 2017 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
1. Introduction
Non-equilibrium materials, such as metastable alloys, have
unique properties that are utilized in modern industrial applica-
tions. Computational materials science offers an effective approach
to tailor explore the potential of such materials. The efﬁciency of a
computational screening is affected by the appropriateness of the
applied physics models, as well as a coupling to a ‘high-level’
physical concept that is deﬁned in hands with the complex tech-
nological needs. Based on the enormous success of computational
materials science, numerous systematic computational studies
have been devoted to develop and validate such concepts [1,2]. The
elastic Young's modulus is a measurable material property that has
been used in combinatorial high-throughputmethods to select thin
polymer ﬁlms [3] or charting the elastic properties of inorganic
compounds [4].
Metastable thin ﬁlm cubic (NaCl-type) B1 Ti(1x)AlxN alloys are
used as protective coatings in the cutting tools industry because of
the material's excellent mechanical properties and oxidation
resistance at elevated temperatures [5,6]. Cubic solid solutions can
be deposited up to an Al content of 70 atomic % [7,8]. The ther-
modynamics of the material has been successfully described using
sophisticated computational approaches [9e11]. The elastic prop-
erties of Ti(1x)AlxN [12e14], Cr(1x)AlxN [15] and textured
Zr(1x)AlxN [16] have been investigated and a general symmetry
based projection technique has been suggested for predicting the
elastic tensor of alloys [13]. The kinetics of the (spinodal) decom-
position of Ti(1x)AlxN has been simulated by solving the ab inito
parameterized Cahn-Hilliard equation [17] and the importance of
elastic anisotropy in the microstructure evolution has been estab-
lished. Since anisotropic microstructure hinders the dislocation
* Corresponding author. Department of Physics, Chemistry and Biology (IFM),
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motion through the material, microstructural design has became a
strategic approach in developing hard coatings [18]. For example,
superhard self-organized ZrAlN nanolabyrinthine [19] and Zr-Si-N
nanocomposites [20] have been investigated by electron micro-
scopy and nanoindentation. That is, in transition metal nitride al-
loys, elastic anisotropy is proved to be related to material hardness
through the materials anisotropic microstructure [12,17,21,22].
The concept of multicomponent alloying in hard coatings to
improve the materials hardness and thermal stability has been
introduced by considering a mixing of CrN and Ti(1x)AlxN [23,24].
The basic idea of the concept consists of employing the spinodal
decomposition to promote the formation of a metastable cubic
phase of Cr(1x)AlxN. It further underlines the increased interest for
metastable phases in nitrides alloys. The zero temperature ther-
modynamics of quaternary transition metal nitride alloys has been
recently investigated by Holec [25]. Though, cubic VN is found
dynamically unstable at 0 K [26] the renormalized VN phonon
dispersion relations calculated by Mei et al. [27] shows that the
elastic constants do not change with the temperature. Since similar
level of instability is assumed for NbN and TaN, calculations of the
elastic constants at T ¼ 0 K are highly valuable. The high temper-
ature elasticity in TiN [28], CrN [29] and Ti(1x)AlxN [14] alloy has
been investigated. However, the potential of multicomponent
alloying for engineering the materials strength and elastic anisot-
ropy in quaternary alloys has not been discussed yet.
Forming coherent multilayers, such as TiN/V(Nb)N or TiHfN/
CrN, is proposed as alternative concept to extend the wear resis-
tance and hardness of bulk monolithic materials, see Ref. [30]. The
mixing thermodynamics of TiN/Ti(1x)AlxN(001) compared with
the one of Ti(1x)AlxN has recently been investigated experimen-
tally [31,32] and by ab initio calculations [33]. Though electron
microscopy and atom probe tomography combined with phase
ﬁeld simulations have predicted the occurrence of surface directed
spinodal decomposition [17], it has been found less developed than
the bulk-like spinodal decomposition in Ti(1x)AlxN. During the
coherent spinodal decomposition of the alloys, the microstructure
can be approximated by local coherent multilayers with different
interfacial orientations. Therefore, by predicting the Young's
modulus of the multilayers one elaborates the material's local
strength distribution which affects the microstructural evolution,
and by that the hardness of the material.
This paper is organized as follows. Section 2 is devoted to the
computational details and the methodology for calculating elastic
stiffness constants of alloys and superlattices of alloys. In Section 3
we present the equilibrium structural parameters of the alloys.
Thereafter, the elasticity of quaternary transition metal nitride al-
loys is discussed. Using increased Ti content we discuss the trends
in altering ductility via multicomponent alloying. In the last sub-
section we investigate the strength (Young's modulus) of multi-
layers and establish the usage of the bulk alloy Young's modulus
values to designwear resistant superlattices using high-throughput
screening. Finally, a summary of our work is given in Section 4.
2. Methodology
2.1. Calculation details
Binary nitrides - AlN, TiN and XN, where X ¼ Zr, Hf, V, Nb, Ta,
together with their X0:5Al0:5N and X0:5Ti0:5N ternary alloys were
modeled with ð4 4 3Þ supercells of 96 atoms. The supercell size
was chosen based on the results in Ref. [13] and based on the unit
cell of the cubic B1 lattice. The substitutional alloying was modeled
using the special quasirandom supercell (SQS) approach by Zunger
[34] with minimizing the Warren-Cowley pair short-range order
(SRO) [35] parameters up to the seventh nearest neighboring shell
in the metal sublattice. X0:33Ti0:33Al0:33N quaternary alloys were
simulated by ð3 3 3Þ supercells similarly on the basis of B1
conventional cell with 216 atoms. The total energy calculations
were performed within density functional theory (DFT) using the
projector augmented wave (PAW) [36] approach implemented in
the Vienna Ab initio Simulation Package (VASP) [37]. The exchange-
correlation energy was approximated by the Perdew-Burke-
Ernzerhof generalized gradient functional (PBE-GGA) [38]. The
lattice parameters and all the internal atomic coordinates were
relaxed to obtain the ground-state structure. In the elastic constant
calculations we applied a plane-wave cutoff energy of 600 eV. The
reciprocal-space integration was performed using the Monkhorst-
Pack scheme [39] with a k-mesh of ð6 6 6Þ except for Nb and
Ta related alloys where ð7 7 7Þ was applied.
The TiN/Ti(1x)AlxN(001) multilayers were modeled with sharp
interfaces using 1:1 materials ratio and 216 metal atoms all
together. Themodels weremore detailed explained in Ref. [40]. The
elastic constants were calculated with a plane-wave cutoff of
520 eV and a Monkhorst-Pack k-mesh of ð5 5 3Þ.
2.2. Elastic constants
The elastic stiffness constants
Cij ¼
1
V0
v2Eð ε!Þ
vεivεj

relaxed
(1)
using Voigt notation were extracted through the Taylor expansion
of the total energy with respect to lattice distortion [41,42]. We
applied strains ε!¼ fε1;…; ε6g corresponding to ±1% and ±2%
lattice distortions of the fully relaxed supercells without volume
conservation. Eð ε!Þ is the total energy of the distorted supercell and
V0 denotes the equilibrium volume of the non-distorted supercell.
The SQS approach in principle breaks the point group symmetry
of the alloy and the different supercell models break it in different
order. Therefore, inhomogeneous materials quantities of alloys,
such as the elastic tensor in Eq. (1), have to be calculated carefully
[40]. Recently, a symmetry based projection technique [43,44] has
been suggested to derive accurate prediction of the elastic and
piezoelectric tensor of substitutional alloys [13,45]. The symmetry
projected cubic stiffness constant are calculated as
C11 ¼ C11 þ C22 þ C333 ;C12 ¼
C12 þ C13 þ C23
3
;
C44 ¼ C44 þ C55 þ C663 (2)
based on nine independent tensor elements:
C11;C22;C33;C23;C13;C12;C44;C55 and C66. The mechanical stability
of a cubic crystal is proved by fulﬁlling the Born stability criteria
[46];
C44 >0; C11 >
C12; C11 þ 2C12 >0: (3)
Elastic anisotropy of single crystals can be quantiﬁed either by
Zener's anisotropy ratio (A ¼ 2C44=ðC11  C12Þ) or by the direc-
tional dependence of the Young's modulus [41] which in cubic
crystals is written as
1
E[1[2[3
¼ S11  2

S11  S12  12S44

[21[
2
2 þ [22[23 þ [21[23

: (4)
here, Sij is the elastic compliance coefﬁcients which is the inverse of
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elastic tensor Cij and the 3-tuple ð[1; [2; [3Þ stands for the direc-
tional cosines to the a; b and c axes.
Experimental determination of single-crystal elastic constants is
highly limited by the preparation of single crystals in the studied
systems. Indeed, physical vapor deposited (PVD) polycrystalline
samples are widely available in thin ﬁlm form and effective me-
dium theories are established for polycrystalline materials. An
upper bound on the effective elastic moduli of polycrystalline
materials is achieved by the Voigt's (V) constant strainmodel, while
the Reuss's (R) constant stress model gives a lower bound. Their
arithmetic middle value is called the Hill's average (H) and used
throughout this work because it commonly results to measured
values. The polycrystalline Young's (E), shear (G), bulk (B) moduli
and Poisson's ratio (n) are common quantities which measure the
materials response to external mechanical impact. They describe
the cohesion or strain ratio in solids with respect to uniaxial, shear
or hydrostatic loading. All can be expressed in terms of the single
crystal stiffness constants Cij. A comprehensive overview of these
elastic constants can be found in Ref. [47]. In the following we
summarize the expressions of the polycrystalline elastic moduli
using the bar for marking the symmetry projection required in case
of alloys.
BV ¼ BR ¼ C11 þ 2C123 ; BH ¼
BV þ BR
2
;GV
¼ ðC11  C12 þ 3C44Þ
5
; GR ¼ 5C44ðC11  C12Þ
4C44 þ 3ðC11  C12Þ
;GH
¼ GV þ GR
2
; E ¼ 9BHGH
3BH þ GH ; n ¼
3BH  2GH
6BH þ 2GH (5)
Grimsditch and Nizzoli established a linear-elasticity model of
multilayers with neglecting the interfacial heterogeneity [48]. Friak
et al. rediscovered the method for nitride superlattices [49]. Within
this sharp interface approximation an analytic formula is derived
for the elastic stiffness constants of superlattices CSLij with arbitrary
interface orientations and layer periodicity. It requires only the bulk
stiffness constant tensors of the constituent materials in the coor-
dinate system assigned by the interface normal vector n!, that is
commonly oriented in the canonical bz direction. In the following
we omit the component indices of the tensors and mark the layer
numbers in the superlattice (SL) with 1 and 2. Thus,
CSL ¼

f1C
n!
1 M þ f2C
n!
2

ðf1M þ f2IÞ1; (6)
where
M ¼ P11 P2; Pa ¼
0
BBBBB@
1 0 0 0 0 0
0 1 0 0 0 0
C
n!
a

31/36
41/46
51/56
0 0 0 0 0 1
1
CCCCCA
66
(7)
and fa denotes the fraction of the material a in the multilayer.
Having CSL one derives
E
n! ¼ 1
.
SSL33 ¼
CSL33

CSL11 þ CSL12

 2CSL13CSL13
CSL11 þ CSL12
(8)
for the Young's modulus of the multilayer (tetragonal symmetry) in
the normal direction to the interface [50].
3. Results and discussion
3.1. Quaternary alloys
3.1.1. Structural properties
The equilibrium lattice constants obtained in this work are
summarized in Table 1. For comparison, we present also some other
theoretical (aother) as well as experimental data (aexp:) available in
the literature. One sees a good agreement between our results and
aother, aexp: with deviations smaller than 1.4%. The lattice constants
show the order of aðX0:5Al0:5NÞ< aðX0:33Ti0:33Al0:33NÞ<
aðX0:5Ti0:5NÞ where X can be Zr, Hf, V, Nb or Ta. This trend is in a
good agreement with previous experimental observations [51e57].
3.1.2. Single-crystal stiffness constants and sound velocities
The nine independently calculated elastic stiffness constants
and the derived projected cubic elastic constants of all the alloys are
summarized in Table 2. The small 1e2 GPa deviations in the Cij
values of the binary materials indicate the general accuracy of our
elastic constants calculations. Much larger differences are obtained
for the alloys as a consequence of the broken cubic symmetry [13].
To estimate the elastic constants of the studied multicomponent
alloys at an arbitrary composition, we employed the linear ﬁtting of
the calculated values. In the ﬁtting procedure, the full composi-
tional triangle is split into four equal sub-triangles using the binary
and ternary 50-50% mid-point values. In each of these triangles the
Cij values are ﬁtted by the plane a xþ b yþ c Cij ¼ d, where x and y
is the content of Al and X, respectively. The obtained parameters are
given in the Supplementary material. For the equiatomic quater-
nary alloys the ﬁtted values are given in parentheses in Table 2. The
linear ﬁtted Cij values of the quaternary alloys approximate well
with the ab initio calculated ones. In general, we encounter  12%
error in the linearly predicted stiffness constants except for C12 in
Nb(1xy)TixAlyN and C44 in Ta(1xy)TixAlyN. Since these errors are
comparable with the errors made in experimental determinations
we suggest to use these sub-triangle linear ﬁtted approximations to
Table 1
The calculated lattice parameters a(Å) of ternary and quaternary transition metal
nitride alloys together with other calculational results (GGA), aother, and experi-
mental obtained ones, aexp: .
a aother aexp:
AlN 4.07 4.07 [25] 4.05 [66]
TiN 4.25 4.25 [25] 4.24 [66]
ZrN 4.60 4.62 [25] 4.58 [66]
HfN 4.53 4.54 [25] 4.53 [66]
VN 4.12 4.13 [25] 4.14 [66]
NbN 4.42 4.43 [25] 4.39 [66]
TaN 4.42 4.43 [25] 4.36 [66]
Ti0:5Al0:5N 4.18 4.184 [53] 4.18 [53]
Zr0:5Al0:5N 4.38 4.40
a 4.32 [67]
Hf0:5Al0:5N 4.35 4.38 [68],4.35
a 4.438 [69]
V0:5Al0:5N 4.11 4.12 [52]
Nb0:5Al0:5N 4.28 4.32 [70],4.30
a 4.28 [70]
Ta0:5Al0:5N 4.28 4.28
a
Zr0:5Ti0:5N 4.44 4.46
a 4.43 [71,72]
Hf0:5Ti0:5N 4.41 4.42
a
V0:5Ti0:5N 4.19 4.19 [60] 4.168 [73], 4.19 [74]
Nb0:5Ti0:5N 4.34 4.36 [60], 4.345 [75], 4.37
a 4.32 [76], 4.41 [77]
Ta0:5Ti0:5N 4.35 4.35 [60], 4.35,
a 4.34 [78] 4.35 [78], 4.32 [79]
Zr0:33Al0:33Ti0:33N 4.35 4.34
a 4.31 [53]
Hf0:33Al0:33Ti0:33N 4.33 4.31
a
V0:33Al0:33Ti0:33N 4.16
Nb0:33Al0:33Ti0:33N 4.27 4.28
a
Ta0:33Al0:33Ti0:33N 4.27 4.27
a
a The linear ﬁtted lattice constants obtained from data in Ref. [25].
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estimate the stiffness constants of the quaternary alloys for arbi-
trary x and y in the triangle.
From the projected elastic constants we see that the Born me-
chanical stability criteria (Eq. (3)) is fulﬁlled for all the considered
alloys. C11 is the largest among the constants. Fig. 1 presents the
projected cubic elastic constants, C11, C12 and C44, of ternary
X0:5Al0:5N, X0:5Ti0:5N and quaternary alloys X0:33Ti0:33Al0:33N
where X can be Zr, Hf, V, Nb and Ta. The dashed lines show the
elastic stiffness constants of Ti0:5Al0:5N. In general, with decreasing
the AlN content the value of C11 increases signiﬁcantly while the
change in C44 and C12 is just minor. The largest increase is obtained
for Zr(1xy)TixAlyN and Hf(1xy)TixAlyN alloys (X is a IVB metal in
the periodic table) and in these two alloys one ﬁnds the possibility
to synthesize alloys softer in C11 than the reference value of
Ti0:5Al0:5N. The Vanadium-based quaternary alloys show only a
minor error around 10%. The trend that C44 decreases with
increasing Ti concentration can be explained by an increased d d
orbital overlap between the ﬁrst neighbor metal atoms [58e61].
Alloying a VB transition metal (increasing the number of d elec-
trons) in Ti0.5Al0.5N increases C11 signiﬁcantly. The change in the
elastic stiffness constants from 3d to 5d transition metals is
negligible.
We derived the acoustic wave velocities through solving the
Table 2
The ab initio calculated cubic elastic stiffness constants (Cij) of binary, ternary and quaternary transition metal nitride alloys. Cij denotes the cubic projected elastic stiffness
constants. The values are given in GPa. The labels correspond to the notation used in Figs. 1e4 and 7.
Label C11 C22 C33 C12 C13 C23 C44 C55 C66 C11 C12 C44
AlN 402 402 402 157 157 157 300 300 300 402 157 300
TiN 589 590 589 125 126 125 166 168 166 590 125 167
ZrN 530 532 530 109 111 109 121 119 121 531 110 120
HfN 633 635 633 90 92 90 164 160 164 634 91 163
VN 620 620 620 167 167 167 127 129 127 620 167 128
NbN 663 663 663 133 133 133 87 85 87 663 133 86
TaN 728 723 728 136 135 136 64 61 64 726 136 63
Ti0:5Al0:5N (0) 456 425 460 161 152 160 201 211 198 447 158 203
Zr0:5Al0:5N Zr(1) 391 374 378 154 149 141 156 174 156 381 148 162
Zr0:33Al0:33Ti0:33N Zr(2) 450 450 442 137 142 134 157 156 158 447(449) 138(151) 157(176)
Zr0:5Ti0:5N Zr(3) 526 507 525 120 117 119 133 135 133 519 119 134
Hf0:5Al0:5N Hf(1) 435 416 425 156 151 148 166 183 165 425 152 171
Hf0:33Al0:33Ti0:33N Hf(2) 470 470 467 136 142 137 166 164 165 469(473) 138(154) 165(182)
Hf0:5Ti0:5N Hf(3) 552 535 554 120 118 121 138 141 138 547 120 139
V0:5Al0:5N V(1) 481 487 460 154 176 168 187 191 187 476 166 188
V0:33Al0:33Ti0:33N V(2) 498 511 499 163 157 146 176 165 175 503(481) 155(163) 172(193)
V0:5Ti0:5N V(3) 520 508 536 156 183 152 143 143 145 521 164 144
Nb0:5Al0:5N Nb(1) 493 452 490 156 158 158 149 151 161 478 157 154
Nb0:33Al0:33Ti0:33N Nb(2) 516 525 508 150 153 141 153 146 151 516(500) 148(177) 150(170)
Nb0:5Ti0:5N Nb(3) 583 551 593 158 136 149 121 119 119 576 148 120
Ta0:5Al0:5N Ta(1) 515 459 513 148 161 164 149 152 157 496 158 153
Ta0:33Al0:33Ti0:33N Ta(2) 532 536 523 150 154 145 149 141 147 530(506) 150(170) 146(170)
Ta0:5Ti0:5N Ta(3) 568 568 588 158 145 152 120 113 118 575 152 117
100
200
300
400
500
600
(Zr) (Hf) (V) (Nb) (Ta)
(G
Pa
)
(1) (3)(2) (1) (3)(2) (1) (3)(2) (1) (3)(2) (1) (3)(2)
IVB VB
4d 3d 4d 5d5d
TiNAlN
 XN
(0)
(1)
(2)
(3)
Zr
Ti
Hf
V
Nb
Ta
IVB VB
X=
alloy
Fig. 1. The single crystal cubic elastic stiffness constants of quaternary X(1xy)TixAlyN
alloys where X is Zr, Hf, V, Nb and Ta. The horizontal dashed lines denote the stiffness
constants of Ti0.5Al0.5N (0). The (1), (2) and (3) marked alloys are explained in the
subdiagram.
Table 3
Calculated longitudional acoustic sound velocities of binary, ternary and quaternary
transition metal nitride alloys along the cubic high symmetry crystallographic di-
rections [001, 110] and [111]. The values are given in m/s. The labels correspond to
the notation used in Figs. 1e4 and 7.
Label n100 n110 n111
AlN 9973 11974 12570
TiN 10520 9919 9710
ZrN 8591 7825 7552
HfN 6801 6191 5975
VN 10045 9212 8918
NbN 8977 7670 7182
TaN 6960 5741 5273
Ti0:5Al0:5N (0) 9769 10389 10587
Zr0:5Al0:5N Zr(1) 8132 8604 8756
Zr0:33Al0:33Ti0:33N Zr(2) 8926 8951 8959
Zr0:5Ti0:5N Zr(3) 9054 8459 8251
Hf0:5Al0:5N Hf(1) 6714 6982 7068
Hf0:33Al0:33Ti0:33N Hf(2) 7617 7613 7612
Hf0:5Ti0:5N Hf(3) 7461 6934 6750
V0:5Al0:5N V(1) 9682 10012 10120
V0:33Al0:33Ti0:33N V(2) 9869 9849 9842
V0:5Ti0:5N V(3) 9554 9232 9123
Nb0:5Al0:5N Nb(1) 8725 8666 8646
Nb0:33Al0:33Ti0:33N Nb(2) 9301 8989 8883
Nb0:5Ti0:5N Nb(3) 9170 8388 8111
Ta0:5Al0:5N Ta(1) 7044 6930 6891
Ta0:33Al0:33Ti0:33N Ta(2) 7916 7581 7465
Ta0:5Ti0:5N Ta(3) 7440 6808 6584
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Christoffel equation [62]. In Table 3 we show the longitudinal sound
velocities in the three main crystallographic directions ½100, ½110,
and ½111 for all the alloys. One sees that the sound velocities
decrease with the period number, that is with changing from 3d to
5d orbitals. Moreover, the longitudinal sound velocities decrease
from lighter to heavier elements in the ½111 direction and increase
in ½100. The decrease of n111 is connected to the decreasing C44 in
Fig. 1, which is a clear indication of the decreased covalent bonding
nature expressed also by a positive Cauchy pressure. The increase of
n100 is a consequence of stiffening C11. One sees that the sound
velocity values show large similarities for X from the same period,
that is, Zr(1xy)TixAlyN alloys have sound velocities close to the
values of Nb(1xy)TixAlyN, and similarly for the pair of
Hf(1xy)TixAlyN and Ta(1xy)TixAlyN.
3.1.3. Polycrystalline elastic constants and ductility
The values of the polycrystalline elastic constant are listed in
Table 4 for all alloys. Fig. 2 shows a comparison of the Hill averaged
Young's (E), shear (G) and bulk (B) moduli using the reference line
of the value of Ti0.5Al0.5N. Since binary AlN has the lowest bulk
modulus among the binary nitrides, it is reasonable to choose the Al
content to guide our analysis. In general for each alloy B shows a
monotonous increase with decreasing the Al content, which agrees
with the results in Ref. [25]. In case of V(1xy)TixAlyN,
Nb(1xy)TixAlyN and Ta(1xy)TixAlyN quaternary alloys, B is above
the reference value of 255 GPa. The value of E and G are below or
close to the reference value in all cases. Further it is seen that G and
E correlate. There is a distinct difference between alloying IVB or VB
metal nitrides with Ti0.5Al0.5N. In case of IVB elements one observes
a monotonous increase of E and G with the decrease of Al content.
For VB transition metals both moduli have a maximum in the
middle of the compositional triangle, where the TiN/AlN ratio is
around 1. It also suggests that the G=B ratio shows a different
behavior for the IVB and VB group. The G=B ratio is an accepted
phenomenological criterion for estimation of the relative ductility
and brittleness of materials [63]. A material is characterized as
brittle if G=B>0:57 otherwise one says that it is ductile (i.e, able to
deform before breaking). With VB metal alloying we observe a
signiﬁcant decrease of G=B ratio with decreasing AlN content,
indicating possible increase of the ductility.
Pettifor suggested the Cauchy pressure (C12  C44) as a measure
of the angular bonding character in metals [64,65]. Negative Cau-
chy pressure indicates a directional character of atomic bonds,
while a positive value means rather delocalized metallic bonds.
Fig. 3 compares the alloys in terms of brittleness and bonding
character. Cubic AlN is characterized with covalent bonding and a
highly brittle behavior. In the other corner of the diagram, the cubic
TaN is found as metallic and ductile material. Ti0.5Al0.5N is found
next to TiN in the middle of the diagram. One sees that mixing
Ti0.5Al0.5N with ZrN results in G=B values, which are similar to ZrN
with negligible dependence on the mixing-strategies along the
lines (0)e(1), (0)e(2) and (0)e(3). In case of Hf(1xy)TixAlyN alloys
one predicts tendency towards ductile behavior though binary HfN
is fairly brittle and being closer to AlN than to Ti0.5Al0.5N. There is a
general tendency that along the (0)-(2)-(3) lines one observes
Table 4
Calculated Hill averaged polycrystalline elastic constants of quaternary X(1xy TixAlyN alloys where X is Zr, Hf, V, Nb and Ta. B, G and E denote the bulk, shear and Young's
modulus. n stands for the Poisson's ratio, and A is the Zener's anisotropic ratio. The elastic moduli are given in GPa. The labels correspond to the notation used in Figs. 1e4 and 7.
Label ðC12  C44Þ BH GH G=B E n A Eð111Þ=Eð100Þ
AlN 143 239 210 0.88 486 0.16 2.45 2.02
TiN 41 280 190 0.68 465 0.22 0.72 0.77
ZrN 11 250 151 0.63 377 0.25 0.57 0.64
HfN 72 272 200 0.74 482 0.20 0.60 0.67
VN 39 318 161 0.51 413 0.28 0.56 0.62
NbN 47 310 138 0.45 360 0.31 0.33 0.38
TaN 73 333 124 0.37 331 0.33 0.21 0.26
Ti0:5Al0:5N (0) 46 255 177 0.70 432 0.22 1.41 1.32
Zr0:5Al0:5N Zr(1) 14 226 142 0.63 352 0.24 1.39 1.32
Zr0:33Al0:33Ti0:33N Zr(2) 20 241 156 0.65 385 0.23 1.01 1.01
Zr0:5Ti0:5N Zr(3) 15 252 157 0.62 391 0.24 0.67 0.72
Hf0:5Al0:5N Hf(1) 20 243 157 0.64 387 0.23 1.25 1.20
Hf0:33Al0:33Ti0:33N Hf(2) 27 249 165 0.66 406 0.23 1.00 1.00
Hf0:5Ti0:5N Hf(3) 19 262 165 0.63 410 0.24 0.65 0.70
V0:5Al0:5N V(1) 22 270 174 0.65 430 0.23 1.22 1.17
V0:33Al0:33Ti0:33N V(2) 17 271 173 0.64 427 0.24 0.99 0.99
V0:5Ti0:5N V(3) 20 283 157 0.55 397 0.27 0.80 0.83
Nb0:5Al0:5N Nb(1) 4 265 156 0.59 392 0.25 0.96 0.96
Nb0:33Al0:33Ti0:33N Nb(2) 2 271 163 0.60 407 0.25 0.81 0.84
Nb0:5Ti0:5N Nb(3) 28 290 151 0.52 387 0.28 0.56 0.61
Ta0:5Al0:5N Ta(1) 5 270 159 0.59 399 0.25 0.90 0.92
Ta0:33Al0:33Ti0:33N Ta(2) 4 277 162 0.59 407 0.25 0.77 0.80
Ta0:5Ti0:5N Ta(3) 37 293 149 0.51 381 0.28 0.55 0.61
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Fig. 2. The polycrystalline elastic constants of quaternary X(1xy)TixAlyN alloys where
X is Zr, Hf, V, Nb and Ta. E, B and G denote the Young's, shear and bulk modulus,
respectively.
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increased ductility and the effect is much stronger for VB metals
than for IVB ones. The same behavior is noticed along the (0)-(2)-
XN lines. Furthermore, ductility is increasing with the increase of
the period number, that is with changing from 3d transition metals
to 5d ones. Decreasing the Cauchy pressure indicates tendency
toward stronger covalency in the atomic bonds, which results in an
increased resistance against shearing. The changes of shear
modulus values, G in Fig. 2 correlate with the Cauchy pressure
values in Fig. 3.
3.1.4. Elastic anisotropy
Fig. 4 shows the derived Zener's elastic anisotropy, A, and the
Young's modulus ratio, Eð111Þ=Eð100Þ, for all alloys. It is clear, that
the two quantities correlate. One obtains Az1 in the compositional
triangle for ZrN, HfN and VN alloyed in Ti0.5Al0.5N. Moreover, in
these quaternary alloys one has the possibility to engineer the
elastic soft direction between the crystallographic [100] and [111]
directions by a compositional variation. In contrast, in the NbN and
TaN containing alloys, the [100] direction is always the elastically
stiff direction. The largest freedom of tuning A is predicted in
Zr(1xy)TixAlyN.
In Fig. 5 one sees the directional dependence of the Young's
modulus in each quaternary alloys. The ﬁgure underlines that the
quaternary alloys are very close to be elastically isotropic by
showing a spherical shaped E[1[2[3 distribution for mixing ZrN, HfN
and VNwith Ti(1x)AlxN. It is clear that the sound velocity variations
in Table 3 correlate with the Young's modulus distribution in each
alloy. That is, in the case of n100 < n110 < n111, one observes a Young's
modulus variation characteristic for B1 AlN, while in case of
n100 > n110 > n111, E[1[2[3 has an elongated shape along [100].
3.2. Multilayers
The elastic constants of multilayer were derived using the
linear-elasticity model of superlattices, see Eqs. (6)e(8). The error
in Eq. (8), O ðdCijÞ, is in the order of the error in the elastic constants
dCij. That is, Eq. (8) propagates the error without accumulation. dCij
is caused by excluding the lattice parameter difference and the
altered chemistry (electronic effect) at the interface from the
superlattice (SL) approach. We benchmark the SL approach by
comparing the derived SL elastic constants with the ab initio
calculated ones for TiN/Ti(1x)AlxN(001) in Fig. 6. The computa-
tional error in the ab initio Cij values is estimated to be less than
1 GPa. Accordingly, dCij in Fig. 6 is connected to the improper
interface description in the SL approach. For example, one sees
larger dCij s for TiN/AlN(001) corresponding to the large lattice
mismatch between AlN and TiN; for the values see Table 1. Other-
wise, dCij is below 8% for C11;C33;C44;C66 and distinguishably larger
for C12 and C13. It can be explained by the large lattice mismatch
contribution. The similarity of the lattice parameters of the ternary
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Fig. 4. The Zener's anisotropy ratio, A, and the Young's modulus ratio, Eð111Þ=Eð100Þ,
of quaternary X(1xy)TixAlyN alloys where X is Zr, Hf, V, Nb and Ta.
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Fig. 5. Compositional maps of the directional dependence of the Young's modulus, E, in the quaternary X(1xy)TixAlyN alloys where X is Zr, Hf, V, Nb and Ta.
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transition metal nitride alloys (see Table 1), combined with the
derived smooth trends in the elastic constants of the quaternary
alloys (see Figs. 1 and 5), allows to utilize the superlattice model to
predict the Young's modulus of multilayers using Eq. (8).
Fig. 7 shows the Young's modulus E
n! of ternary and quaternary
alloys coherently multilayered with the most common TiN and ZrN
binaries. It shows the values for a 1:1 fraction of thematerials in the
multilayer. These multilayered structures are commonly assumed
to be formed in the gradient region during the spinodal de-
compositions of the alloys themselves. One sees in the ﬁgure that
for all the multilayers, the variations of the multilayer E
n! values
follow the ones shown in Fig. 5 for the bulk alloys in addition to the
fact that ZrN has lower Young's modulus values than TiN. HfN
containing alloys in the (111) multilayers behave differently
because binary HfN shows the largest Young's modulus along [111]
(Fig. 5). In comparing the inﬂuence of alloying in the compositional
triangles we see, that with the (111) interfacial orientation, E
n!
decreases with increasing TiN content, that is along the (1)-(2)-(3)
line. On the contrary, E
n! increases with an increasing TiN content
in the [001] oriented multilayers. The dominant [001] directional
high strength (Young's modulus) of all the transition metal nitrides
determines the strength of the multilayers and results in higher
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Fig. 6. The relative errors of the linearly derived superlattice (SL) elastic stiffness
constants of TiN/Ti(1x)AlxN(001) multilayers compared with the ab initio calculated
values.
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Young's modulus values for the (001) multilayers. In summary, we
establish that one can estimate the variation of E
n! in the multi-
layers based on Fig. 5.
In Fig. 2 we have established that with increasing TiN content,
along the (1)-(2)-(3) alloy samples, the bulk moduli of the alloys
increase and G in general follows E. Using these facts we conclude
that the [111] orientated multilayers can become more ductile with
increasing the TiN content. On the other hand, the increase of the
E
n! values with the TiN content in the (001) multilayers results in
larger G=B values, which predicts increased brittleness.
4. Summary and conclusions
In this study we analyzed the effects of multicomponent alloy-
ing and forming coherent multilayers on the elastic andmechanical
properties in transition metal nitride materials. We calculated the
change in the materials elastic constants and starting from the
reference of Ti0.5Al0.5N we suggested strategies to engineer the
materials ductility/brittleness for thin ﬁlm hard coating applica-
tions. The elastic stiffness constants of the alloys were derived us-
ing the cubic symmetry based projection technique. We showed
that the bulk modulus increases in general with decreasing AlN
content and that alloying a VB transition metals in Ti0:5Al0:5N
signiﬁcantly increases C11. The sound velocities decreased in the
[111] crystallographic direction with alloying from lighter to
heavier elements and increase in [100]. In quaternary
X(1xy)TixAlyN alloys with X as IVB transition metals both, the
Young's modulus and shear modulus increased with the removal of
AlN, while in case of X chosen from VB transition metals both
moduli have a maximum. The ductility of alloys should increase
with increasing the period number of X. We predicted that elasti-
cally isotropic materials can be obtained in case of mixing ZrN, HfN
or VN with Ti(1x)AlxN alloys, and the largest freedom to tune the
elastic properties was obtained in Zr(1xy)TixAlyN. On the example
of TiN/Ti(1x)AlxN(001) we showed that a linear superlattice
approach is capable to predict elasticity of coherent multilayers
with sharp interfaces instead of performing computationally
demanding ab initio calculations. We predicted that the multilayers
of TiN or ZrN with quaternary transition metal alloys supports the
increase of ductility (decreasing G=B ratio) in the case of the [111]
interfacial orientation. On the other hand, we demonstrated that
with the [100] growth direction, the compositional variation affects
the material in such a way that it should become more brittle. The
multilayers with the [111] interface showed higher materials
strength (Young's modulus). We underlined in this work that the
Young's moduli variation in the parent (bulk) quaternary nitride
alloys gives an approximate tool to screen the Young's moduli in
coherent multilayers in the framework of high-throughput
methods to design coherent superlattices.
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FIG. 1. (Color online) The triangle diagram with marked (0) Ti0.5Al0.5N, (1)X0.5Al0.5N,
(2)X0.33Ti0.33Al0.33N and (3)X0.5Ti0.5N alloys where X is Zr, Hf, V, Nb and Ta.
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TABLE I. The derived a, b and c fitting parameters of the a x + b y′ + c C¯ij = d (y′ = (
√
3/2)y)
planes for each sub-triangles in the compositional triangle of quaternary ZryTi(1−x−y)AlxN alloys.
The fitting is made by using the binary and ternary 50-50% mid-point values.
C¯ij Sub-triangle a b c d
A -19.4855 -21.75 -0.2165 -106.5211
C¯11 B -59.7557 1.5 -0.2165 -126.6562
C -61.9208 0.25 -0.2165 -127.7387
D 59.7557 -40.5 0.2165 109.7687
A -0.4330 -9.25 -0.4330 -68.4160
C¯12 B 12.5573 -26.75 -0.2165 -34.2080
C 14.2894 -11.25 -0.2165 -27.0632
D -12.5573 11.75 0.2165 27.7128
A 42.0022 -113.75 -0.4330 -87.9015
C¯44 B 12.1243 -41.5 -0.2165 -43.9507
C 15.5884 -25.5 -0.2165 -36.1565
D -12.1243 14.0 0.2165 32.0429
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TABLE II. The derived a, b and c fitting parameters of the a x + b y′ + c C¯ij = d (y′ = (
√
3/2)y)
planes for each sub-triangles in the compositional triangle of quaternary HfyTi(1−x−y)AlxN alloys.
The fitting is made by using the binary and ternary 50-50% mid-point values.
C¯ij Sub-triangle a b c d
A -19.4855 0.25 -0.2165 -106.5211
C¯11 B -52.8275 19.5 -0.2165 -123.1921
C -61.9208 14.25 -0.2165 -127.7387
D 52.8275 -74.0 0.2165 99.5929
A -0.4330 -5.25 -0.4330 -68.4160
C¯12 B 13.8564 -27.0 -0.2165 -34.2080
C 14.2894 -10.75 -0.2165 -27.0632
D -13.8564 22.5 0.2165 32.2594
A 42.0022 -104.75 -0.4330 -87.9015
C¯44 B 13.8564 -40.0 -0.2165 -43.9507
C 15.5884 -23.0 -0.2165 -36.1565
D -13.8564 -4.0 0.2165 24.8982
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TABLE III. The derived a, b and c fitting parameters of the a x + b y′ + c C¯ij = d (y′ = (
√
3/2)y)
planes for each sub-triangles in the compositional triangle of quaternary VyTi(1−x−y)AlxN alloys.
The fitting is made by using the binary and ternary 50-50% mid-point values.
C¯ij Sub-triangle a b c d
A -19.4855 25.75 0.2165 -106.5211
C¯11 B -19.4855 25.75 -0.2165 -106.5211
C -61.9208 1.25 -0.2165 -127.7387
D 19.4855 -60.75 0.2165 91.3656
A -0.4330 8.75 -0.4330 -68.4160
C¯12 B 0.8660 2.5 -0.2165 -34.2080
C 14.2894 11.25 -0.2165 -27.0632
D -0.8660 -1.0 0.2165 34.8575
A 42.0022 -87.75 -0.4330 -87.9015
C¯44 B 19.0525 -40.5 -0.2165 -43.9507
C 15.5884 -20.5 -0.2165 -36.1565
D -19.0525 19.0 0.2165 34.6410
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TABLE IV. The derived a, b and c fitting parameters of the a x + b y′ + c C¯ij = d (y′ = (
√
3/2)y)
planes for each sub-triangles in the compositional triangle of quaternary NbyTi(1−x−y)AlxN alloys.
The fitting is made by using the binary and ternary 50-50% mid-point values.
C¯ij Sub-triangle a b c d
A -19.4855 26.75 -0.2165 -106.5211
C¯11 B -42.4352 40.0 -0.2165 -117.9959
C -61.9208 28.75 -0.2165 -127.7387
D 42.4352 -68.0 0.2165 105.8716
A -0.4330 -0.25 -0.4330 -68.4160
C¯12 B 3.8971 -7.25 -0.2165 -34.2080
C 14.2894 3.25 -0.2165 -27.0632
D -3.8971 9.75 0.2165 35.2905
A 42.0022 -121.75 -0.4330 -87.9015
C¯44 B 14.7224 -50.0 -0.2165 -43.9507
C 15.5884 -32.5 -0.2165 -36.1565
D -14.7224 25.5 0.2165 33.3419
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TABLE V. The derived a, b and c fitting parameters of the a x + b y′ + c C¯ij = d (y′ = (
√
3/2)y)
planes for each sub-triangles in the compositional triangle of quaternary TayTi(1−x−y)AlxN alloys.
The fitting is made by using the binary and ternary 50-50% mid-point values.
C¯ij Sub-triangle a b c d
A -19.4855 35.75 -0.2165 -106.5211
C¯11 B -34.2080 44.25 -0.2165 -113.8823
C -61.9208 28.25 -0.2165 -127.7387
D 34.2080 -95.25 0.2165 91.7986
A -0.4330 0.75 -0.4330 -68.4160
C¯12 B 2.5980 -4.5 -0.2165 -34.2080
C 14.2894 5.25 -0.2165 -27.0632
D -2.5980 9.5 0.2165 36.3730
A 42.0022 -122.75 -0.4330 -87.9015
C¯44 B 15.5884 -52.0 -0.2165 -43.9507
C 15.5884 -34.0 -0.2165 -36.1565
D -15.5884 36.0 0.2165 37.0225
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Abstract	
Using	 first	 principles	 calculations	 and	 experimental	 methods	 we	 show	 that	 B1	 structured	 solid	
solution	 TixNbyAlzN	 can	 be	 grown.	 The	mixing	 free	 energy	 surface	 indicates	 that	 the	 alloys	 should	
decompose.	 Theoretical	 analysis	 of	 the	 thermodynamic	 driving	 force	 towards	 the	 spinodal	
decomposition	 shows	 that	 the	 force	 can	 be	 different	 in	 alloys	 with	 equally	 low	 thermodynamic	
stability	but	different	Nb	content,	 indicating	 that	 the	detailed	picture	of	 the	decomposition	 should	
also	be	different.	Electron	microscopy	and	nanoindentation	underlines	different	age	hardening	of	the	
samples	We	demonstrate	 that	an	alloy	with	 the	optimized	composition,	Ti0.42Nb0.17Al0.41N	combines	
high	thermal	stability	and	age	hardening	behavior.	 	
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High	temperature	metastable	alloys	define	a	class	of	materials,	which	are	typically	synthesized	using	
the	 thin-films	 non-equilibrium	 growth	 techniques.	 They	 often	 demonstrate	 high	 thermal	 stability	
combined	with	 high	 strength	 or	 improved	 oxidation	 and	 corrosion	 resistance	 [1].	 The	 cutting	 tool	
industry	focuses	on	the	material’s	high-temperature	stability	and	mechanical	strength	to	increase	the	
cutting	rate	[2].	Power	plant	gas	turbine	and	aircraft	engine	blades	are	developed	with	focus	on	the	
materials’	 resistance	 to	 high-temperature	 corrosion,	 oxidation,	 and	 creep	 in	 order	 to	 stabilize	 its	
surface	during	harsh	environment	operation	[3].		
Low-temperature	physical	vapor	deposition	(PVD)	 is	a	method	to	successfully	grow	metastable	thin	
films	with	high	thermal	stability.	For	example,	cubic	TiAlN	alloy	coatings	have	been	developed	with	
extraordinary	 hardness	 improvement	 at	 elevated	 temperature	 [4,5],	 which	 is	 explained	 by	 the	
microstructural	changes	caused	by	the	material’s	isostructural		spinodal	decomposition	[6].	However,	
in	TixAlzN	alloys,	the	high	temperature	phase	transformation	of	cubic	AlN	to	hexagonal	AlN	causes	a	
drastic	hardness	drop	and	it	should	be	suppressed	in	order	to	extend	the	thermal	operation	window	
of	 the	 coatings.	 Therefore,	 attempts	 to	 shift	 this	 phase	 transformation	 up	 to	 higher	 temperatures	
and	stabilize	the	extended	hardness	value	are	highly	motivated	[7,8,9].	
Nb	has	a	 low	mass	density	and	it	 is	known	to	increase	the	creep	resistance	of	steels	[10].	Chemical	
alloying	of	 refractory	materials	with	Nb	 is	 a	 promising	 approach	 to	 achieve	multiphase	 alloys	with	
high	 temperature	 strength,	 toughness	 and	 oxidation	 resistance	 [11].	 Mayrhofer	 et	 al.	 has	
investigated	 the	 effect	 of	 small	 (up	 to	 12%)	 amount	 of	 Nb	 on	 the	 properties	 of	 (Ti-Al)N	 coatings	
especially	around	the	composition	Ti0.4Al0.6N	[12,13].	
We	 use	 a	 combination	 of	 first	 principles	 calculations	 and	 experimental	 methods	 to	 evaluate	 the	
thermal	 stability	 of	 cubic	 TixNbyAlzN	 alloys	 in	 the	 predicted	most	 interesting	 compositional	 region.	
The	phase	stability	is	simulated	for	the	full	range	of	Nb,	Ti	and	Al	contents.	Based	on	the	theoretical	
results,	 three	 compositions	 with	 similar	 thermodynamic	 stability,	 but	 different	 thermodynamic	
driving	 force	 towards	 the	 spinodal	decomposition	were	 selected.	The	corresponding	 coatings	were	
grown	by	cathodic	arc	deposition	and	their	stability	were	evaluated	up	to	1100	°C.	The	experimental	
results	 show	 that	 the	 detailed	 picture	 of	 the	 spinodal	 decomposition	 in	 the	 three	 alloys	 is	 indeed	
different,	 in	 accordance	 with	 the	 predicted	 theoretical	 trends.	 Robust	 decomposition	 tendency	 is	
observed	 in	 high-Nb-content	 coatings	 while	 the	 sample	 Ti0.42Nb0.17Al0.41N	 which	 belongs	 to	 the	
composition	region	of	the	slowly	varying	mixing	free	energy	shows	higher	temperature	stability	upon	
annealing.	
The	Gibbs	free	energy	G	of	TixNbyAlzN	is	calculated	as:	𝐺 𝑥, 𝑦, 𝑧,𝑇 = 𝐸!!!"!!"#$ 𝑥, 𝑦, 𝑧 − 𝑇𝑆!"#$ 𝑥, 𝑦, 𝑧 + 𝐹!"# 𝑥, 𝑦, 𝑧 + 𝑝𝑉,	(1)	
Here	 𝐸!!!"!!"#$ 	is	 the	 chemical	 internal	 energy	 of	 the	 alloy,	 which	 includes	 the	 effect	 of	
substitutional	disorder,	𝐹!"#	denotes	its	vibrational	Helmholtz	free	energy	and	 𝑥, 𝑦, 𝑧 	gives	the	alloy	
composition.	𝑆!"#$ 	is	 the	 configurational	 entropy,	𝑝 	stands	 for	 pressure	 and	𝑉 	for	 volume.	 The	
configurational	 entropy	 was	 defined	 within	 the	 mean-field	 approximation.	 We	 observed	 that	 the	
electronic	entropy	has	negligible	contribution	and	therefore	this	term	is	neglected.	Shulumba	et	al.	
[14]	 demonstrated	 the	 importance	of	 the	 vibrational	 contribution	 to	 the	description	of	 the	 TixAlzN	
phase	 diagram.	 However,	 the	 methodology	 proposed	 in	 Ref.	 [14]	 is	 extremely	 computationally	
demanding	 and	 therefore	 in	 this	work	 the	 vibrational	 contribution	 to	 the	 free	energy	 is	 estimated	
within	the	Debye	model	[15]	using	the	elastic	constants	of	TixNbyAlzN	calculated	at	temperature	T=0	
K	 [16]	 for	 selected	 compositions	 followed	 by	 their	 piece-wise	 linear	 interpolation	 over	 the	
compositional	triangle.	
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The	 chemical	 internal	 energies	were	 determined	 by	 first-principles	 density	 functional	 theory	 (DFT)	
calculations.	For	details	see	Supplemental	materials.	
TixNbyAlzN	coatings	were	grown	in	an	industrial	cathodic	arc	deposition	system	(Metaplas	MZR323),	
described	in	detail	elsewhere	[17].	Three	cathodes	with	Ti:Nb:Al	atomic	ratios	of	50:0:50,	33:33:34,	
and	 0:50:50	 were	 vertically	 mounted,	 top	 to	 bottom,	 on	 the	 chamber	 wall	 and	 polished	 WC-
12wt%Co	 substrates	 (ISO	 SNUN120408)	were	 placed	 in	 five	 horizontal	 rows	 on	 a	 rotating	 cylinder	
opposite	to	the	cathodes.	With	this	setup,	five	unique	TixNbyAlzN	coatings	were	obtained	by	plasma	
mixing.	The	metal	content	of	the	coatings	positioned	just	in	front	of	each	of	the	cathode	(three	rows)	
is	 close	 to	 that	 of	 the	 specific	 cathode.	 The	 two	 compositions	 grown	 at	 intermediate	 positions	 in	
between	 the	 top-and-middle	cathodes	and	middle-and-bottom	cathodes,	 respectively,	had	a	metal	
content	caused	by	plasma	mixing	from	the	two	nearest	cathodes.	Before	deposition,	the	substrates	
were	sputter	cleaned	with	Ar	ions.	In	order	to	minimize	Co	diffusion	[4]	into	the	coating	during	post-
deposition	annealing,	a	300	nm	thick	TiN	interlayer	was	deposited	first	followed	by	a	~3.5	µm	thick	
TixNbyAlzN	 coating.	Depositions	were	 carried	out	 at	 ~500	 °C	and	4.5	Pa	nitrogen	pressure	with	 the	
substrate	 holder	 rotating	 at	 3	 rpm	 (single	 rotation)	 and	 a	 substrate	 bias	 of	 -30	 V.	 A	 Ti0.50Al0.50N	
reference	 coating	 was	 grown	 at	 2	 Pa	 N2	 pressure	 and	 a	 substrate	 temperature	 of	 400	 °C	 using	 a	
Ti0.5Al0.5	 cathode	and	a	 substrate	bias	of	 -40	V.	Post-deposition	 thermal	 treatments	of	 the	coatings	
were	performed	at	a	hold	temperature	between	800	and	1100	°C	for	15	min	in	a	vacuum	furnace	at	
total	pressure	below	7×10-4	Pa.	A	heating	and	cooling	rate	of	20	°C/min	were	used.	
The	 coatings	were	 studied	by	 scanning	 electron	microscopy,	 x-ray	diffractometry,	 nanoindentation	
and	analytical	transmission	electron	microscopy.	See	Supplemental	materials	for	details.	
Figure	1	(a)	and	(b)	show	the	mixing	Gibbs	free	energy	∆𝐺 = 𝐺 𝑇𝑖!𝑁𝑏!𝐴𝑙!𝑁 − 𝑥𝐺 𝑇𝑖𝑁 − 𝑦𝐺 𝑁𝑏𝑁 − 𝑧𝐺 𝐴𝑙𝑁 	(2)	
of	cubic	TixNbyAlzN	calculated	at	1100	K	and	at	zero-pressure	relative	to	the	cubic	B1	phases	of	TiN,	
NbN,	and	AlN	at	1100	K.	Note	that	a	solid	solution	is	thermodynamically	unstable	against	the	phase	
separation	 if	∆𝐺	is	 positive.	However,	 it	 can	 often	 still	 be	 synthesized	 in	 the	 thin	 film	 growth.	 It	 is	
important	 to	 underline	 that	 upon	 annealing	 an	 unstable	 solid	 solution	 undergoes	 the	 spinodal	
decomposition	 if	 the	 second	 derivative	𝜕𝐺! 𝜕 𝜈 𝑥, 𝑦, 𝑧 !is	 negative,	 while	 the	 alloys	 are	 at	 least	
metastable	if	it	is	positive.	The	direction	with	the	most	negative	value	of	the	second	derivative	gives	
an	 estimation	 of	 the	 thermodynamic	 driving	 force	 towards	 the	 spinodal	 decomposition,	 and	 it	
determines	the	most	probable	local	spinodal	decomposition	path.	
One	 can	 see	 that	 the	 inclusion	 of	 the	 vibrational	 contribution	 stabilizes	 the	 solid	 solution.	 This	
observation	 is	 in	agreement	with	conclusions	presented	 in	 [14]	 for	 the	TixAlzN	quasi-binary	system.	
NbN	is	known	to	have	B1	structure	at	room	temperature	[18,	19],	which	is	dynamically	unstable	at	0	
K.	We	note	that	the	mixing	free	energy	of	NbyAlzN	and	TixAlzN	is	positive	for	all	compositions,	while	it	
is	negative	for	TixNbyN.	The	high	positive	value	of	the	mixing	Gibbs	free	energy	in	the	Al-rich	end	of	
NbyAlzN	and	the	minimum	value	at	equal	Nb	and	Ti	content	in	TixNbyN	determine	the	topology	of	the	
mixing	Gibbs	free	energy	surface.	 In	comparison,	the	Gibbs	free	energy	 landscapes	of	TixCryAlzN	[9]	
and	TixZryAlzN	[20]	were	dominated	by	a	single	high	maximum	value	at	the	TixAlzN	and	ZryAlzN	edges,	
respectively.	 Comparing	 TixNbyAlzN	with	 the	 latter	 systems,	 a	 novel	 feature	 is	 observed	where	 the	
mixing	Gibbs	free	energy	has	a	small	positive	value	at	the	border	between	two	distinct	regions	with	
positive	and	negative	mixing	 free	energy.	We	focus	on	this	 region	of	 the	composition	space.	Three	
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experimental	samples,	S1,	S2,	and	S3	were	deposited	in	the	vicinity	of	this	border	with	the	following	
compositions,	S1:	Ti0.42Nb0.17Al0.41N,	S2:	Ti0.22Nb0.36Al0.42N,	S3:	Ti0.03Nb0.45Al0.52N.		
Note	 that	 the	 region	 on	 the	 diagram	where	 the	 alloys	 are	 at	 least	metastable	 is	 filled	 with	 open	
circles.	 The	 length	 of	 the	 arrows	 is	 proportional	 to	 the	magnitude	 of	 the	 second	 derivative	 of	 the	
mixing	 Gibbs	 free	 energy,	 indicating	 the	 local	 strength	 of	 the	 tendency	 towards	 the	 spinodal	
decomposition.	This	approach	has	been	successfully	used	for	studies	of	the	spinodal	decomposition	
in	TixCryAlzN	[9]	and	TixZryAlzN	[20].	Figure	1	shows	the	so	determined	most	favorable	local	paths	for	
the	 spinodal	 decomposition.	 Interestingly,	 while	 vibrational	 contribution	 strongly	 affects	 the	
thermodynamic	 stability	 of	 the	 solution	 phases,	 it	 does	 not	 change	 the	 favorable	 paths	 for	 the	
spinodal	decomposition.		
Considering	three	compositions	S1,	S2	and	S3	suggested	for	the	experimental	studies,	one	sees	that	
the	 values	 of	∆G	 are	 similar	 for	 all	 of	 them,	while	 the	 local	 topology	of	 the	 free	 energy	 surface	 is	
different	for	each	sample,	as	 indicated	by	the	different	behavior	of	the	arrows	in	the	vicinity	of	S1,	
S2,	and	S3	compositions.	This	 suggests	 the	different	 thermal	 stabilities	 for	 the	samples	against	 the	
spinodal	decomposition.	
Figure	 2	 shows	 x-ray	 diffractograms	 of	 the	 as-deposited	 and	 annealed	 coatings.	 The	 as-deposited	
coatings	reveal	a	cubic	B1	TixNbyAlzN	solid	solution	with	a	 lattice	parameter	close	to	that	of	B1	TiN	
that	 increases	with	 increasing	Nb-content.	The	coatings	have	a	columnar	structure	with	decreasing	
column	width	for	increasing	Nb-content	as	observed	in	SEM	of	fractured	cross-sections	(not	shown).	
For	 the	 highest	 Nb-content	 the	 columns	 consist	 of	 small	 grains,	 attributed	 to	 the	 more	 intense	
impingement	resulting	from	more	energetic	species	arriving	to	the	coating	due	to	the	higher	average	
charge	state	of	Nb-species	 in	the	plasma	[21,	22].	 It	 results	 in	broader	diffraction	peaks	 for	sample	
S3.	 During	 annealing,	 the	 diffraction	 peaks	 initially	 broaden,	 which	 is	 a	 sign	 of	 spinodal	
decomposition,	followed	by	appearance	of	peaks	originating	from	hexagonal	h-AlN	at	1000-1100	°C.	
Figure	 3(a)	 shows	 a	 cross-sectional	 bright	 field	 TEM	 micrograph	 of	 the	 as-deposited	 S1	 sample	
confirming	the	columnar	structure.	The	coating	has	an	artificial	layered	structure	due	to	the	sample	
fixture	 rotation	 and	 inhomogeneous	 distribution	 of	 the	 species	 with	 different	 atomic	mass	 in	 the	
plasma	[23].	This	 is	a	general	feature	of	all	the	coatings	studied	in	this	work.	EDS	reveals	thin,	dark	
contrast	Nb-enriched	layers	and	thicker,	bright	contrast	layers	in	which	Ti,	Nb	and	Al	are	distributed	
homogenously.	Figures	3(b)-(c)	and	3(d)	show	elemental	contrast	scanning	TEM	micrographs	of	the	
S1	and	S2	samples	annealed	at	900	°C.	In	addition	to	the	inherent	layering,	compare	with	Fig.	3(a),	a	
nanoscale	compositional	modulation,	homogeneously	distributed	in	the	entire	coatings,	has	evolved	
during	annealing,	observed	as	dark	and	bright	contrast	elongated	domains.	An	elemental	profile	 in	
Fig.	3(e)	shows	that	the	dark	contrast	domains	are	Al-enriched	while	the	bright	contrast	domains	are	
enriched	 in	 Ti	 and	 Nb.	 Thus,	 spinodal	 decomposition	 occurs	 resulting	 in	 (TiNb)AlN	 and	 TiNb(Al)N	
domains	(parenthesis	indicate	minority	elements).	According	to	Fig.	1.	TiNb(Al)N	has	a	slightly	lower	
free	energy	than	TiN	while	Al(TiNb)N	has	higher	energy	than	AlN.	The	increasing	length	of	the	arrows	
towards	 the	 AlN-corner	 indicates	 a	 steep	 change	 of	 the	 energy.	 This	 change	 is	 smaller	 when	 the	
composition	is	close	to	the	TiAlN	edge.	
Figure	4(a)	shows	the	width	of	the	cubic	200	diffraction	peak	as	a	function	of	annealing	temperature.	
For	 all	 samples,	 the	 broadening	 at	 800	 °C	 indicates	 that	 decomposition	 has	 started.	 For	 the	 two	
coatings	with	 highest	Nb-content	 (S2	 and	 S3),	 the	width	of	 the	 cubic	 200	peak	 is	 the	 largest	 after	
annealing	at	800	°C	while	coarsening	of	the	(TiNb)AlN	and	TiNb(Al)N	domains	result	in	reduced	peak	
width	 at	 higher	 temperatures.	 The	 small	 increase	 in	 peak	width	 at	 1000	 °C	 can	be	 assigned	 to	 re-
nucleation	 of	 c-TiNb(Al)N	 grains.	 In	 comparison,	 the	 largest	 peak	 broadening	 is	 observed	 after	
annealing	 at	 900	 °C	 for	 the	 low	 Nb-content	 coating	 S1.	 This	 demonstrates	 that	 spinodal	
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decomposition	occurs	at	a	lower	temperature	for	S2	and	S3	as	suggested	by	the	results	in	Figure	1.	
Annealing	 at	 1000	 °C	 results	 in	 formation	 of	 h-AlN	 in	 S2	 and	 S3,	 easiest	 observed	 in	 the	 insets	 in	
Figure	 2.	 For	 S1,	 peaks	 from	 the	 h-AlN	 phase	 are	 first	 observed	 after	 annealing	 at	 1100	 °C,	 thus	
formation	 of	 h-AlN	 is	 delayed	 compared	 to	 the	 other	 samples.	 It	 underlines	 the	 expected	 robust	
decomposition	with	high	Nb-content	predicted	by	Figure	1.	
Figure	4(b)	presents	the	hardness	of	the	as-deposited	and	annealed	samples.	The	hardness	of	the	as-
deposited	samples	is	related	to	the	residual	stress	state,	which	is	-2.3	GPa	for	S1,	-2.1	GPa	for	S2	and	
-1.7	GPa	for	S3.	For	sample	S3,	the	hardness	is	also	affected	by	the	smaller	grain	size	in	this	coating,	
which	acts	to	increase	the	hardness.	All	the	three	coatings	show	an	initial	increase	in	hardness	up	to	
800	°C	as	a	result	of	the	compositional	modulations	evolving	during	the	spinodal	decomposition.	 In	
the	 case	 of	 S3,	 the	 strong	 decrease	 of	 hardness	 at	 temperatures	 above	 800	 °C	 is	 related	 to	 the	
formation	and	growth	of	h-AlN.	This	can	be	compared	to	 the	behavior	of	a	Ti0.50Al0.50N	coating,	 for	
which	the	hardness	drops	dramatically	above	900	°C	due	to	formation	and	growth	of	h-AlN.	For	S1	
the	hardness	remains	high	to	annealing	temperatures	of	1000	°C	due	to	the	retained	cubic	structure.	
Above	1000	°C,	growth	of	h-AlN	causes	the	hardness	to	decrease	rapidly	for	S1	and	S2	too.	
It	 is	 important	 to	 underline	 that	 the	 experimental	 results	 discussed	 above	 confirm	 the	 theoretical	
prediction.	For	Ti0.33Al0.67N	alloys,	which	is	in	the	vicinity	of	the	free	energy	maximum	of	TixAlzN	with	
strong	 variation	 of	𝜕!𝐺/𝜕𝑥!,	 low	 thermal	 stability	 has	 been	 observed	 with	 an	 appearance	 of	 the	
hexagonal	 AlN	 phase	 at	 a	 relatively	 low	 temperature	 (1000	 °C)	 causing	 a	 significant	 drop	 of	 the	
hardness	[24].	On	the	other	hand,	for	a	Ti0.13Zr0.69Al0.18N	sample	from	an	extended	region	with	slowly	
varying	mixing	 free	 energy,	 a	 high	 temperature	 stabilization	 of	 the	 (metastable)	 solid	 solution	 has	
been	shown	[20].	From	the	point	of	view	of	hard	coatings	applications,	a	too	limited	strength	toward	
the	spinodal	decomposition	may	reduce	favorable	age	hardening,	as	it	has	been	observed	in	TizZryN	
[25].	
In	samples	S2	and	S3	notably	amplified	strength	toward	the	decomposition	 into	stable	TixNbyN	and	
metastable	TixAlzN	has	been	observed.	In	sample	S1,	where	the	Nb-content	is	low,	the	decomposition	
is	suppressed.	This	 is	 in	agreement	with	our	calculations.	 Indeed,	 they	 indicate	 that	 there	 is	higher	
tendency	towards	the	spinodal	decomposition	in	S3,	which	should	lead	to	significant	age	hardening	
but	 low	thermal	stability	stability.	For	S1	thermal	stability	 is	predicted	to	be	higher	than	for	S2	and	
S3.	
	
In	 summary,	metastable	 solid	 solution	 cubic	 B1	 structured	 TixNbyAlzN	 coatings	with	 up	 to	 45	 at.%	
NbN-contents	have	been	deposited	using	cathodic	arc	evaporation.	Addition	of	Nb	refines	the	grain	
size	 while	 a	 columnar	 structure	 is	 retained.	 The	 metastable	 TixNbyAlzN	 solid	 solution	 phase	
decomposes	by	spinodal	decomposition,	resulting	in	nanoscale	compositional	modulations,	followed	
by	formation	and	growth	of	h-AlN.	After	annealing	at	1100	°C	for	15	min,	the	coatings	consisted	of	h-
AlN	and	c-	TixNbyN	and	no	separation	of	TiN	and	NbN	is	observed	which	is	understood	by	the	ab	initio	
calculated	 diagram	 of	 the	 Gibbs	 free	 energy	 of	 mixing.	 With	 increasing	 the	 Nb-content	 the	
detrimental	mechanical	effect	of	the	h-AlN	occurs	at	a	 lower	temperature.	However,	with	the	right	
amount	 of	 Nb	 in	 the	 coatings,	 an	 extended	 high	 temperature	 stability	 of	 the	 hardness	 can	 be	
achieved.	
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Figure	1	:	(Color	online)	The	mixing	free	energy	∆G	surface	together	with	the	local	tendencies	for	
spinodal	decomposition	in	cubic	TixNbyAlzN	at	1100	K.	(a)	shows	∆G	with	the	inclusion	of	phonon	
contribution	approximated	through	the	Debye	model	while	(b)	displays	∆G	with	configurational	
entropy	only,	for	comparison.	The	arrows	represent	the	most	favorable	directions	of	spinodal	
decomposition.	The	length	of	the	arrows	is	proportional	to	the	magnitude	of	𝜕!𝐺/𝜕𝜈(𝑥, 𝑦, 𝑧)!.	The	
circles	represent	the	thermodynamically	stable	compositions.	
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Figure	2	:	θ-2θ	x-ray	diffractograms	of	annealed	samples;	(a)	S1,	(b)	S2,	and	(c)	S3.	The	insets	
show	a	magnified	part	of	the	diffractogram.		
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Figure	3	:	(a)	Bright	field	micrograph	of	the	as-deposited	S1	sample.	(b,c,d)	show	elemental	contrast	
STEM	micrographs	of	samples	S1	and	S2	respectively,	annealed	at	900	C.	(e)	shows	an	elemental	line	
profile	from	S1	annealed	at	900	C	as	indicated	in	(c).		
	
Figure	4	:	(a)	width	of	the	TiNbAlN	200	peak	and	(b)	hardness	as	a	function	of	annealing	temperature.	
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Abstract
Thermal expansion coefficient of technologically relevant multicomponent cubic nitride alloys are
predicted using the Debye model with ab initio elastic constants calculated at 0 K and the isotropic
approximation for the Gru¨neisen parameter. Our method is benchmarked against measured thermal
expansion of TiN and Ti(1−x)AlxN as well as against results of molecular dynamics simulations. We
show that the thermal expansion coefficients of Ti(1−x−y)XyAlxN (X=Zr, Hf, Nb, V, Ta) solid solutions
monotonously increase with the amount of alloying element X at all temperature except for Zr and Hf, for
which they instead decrease for y & 0.5.
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Thermal expansion coefficient (TEC) of solids is a fundamental physical property with high tech-
nological relevance. Upon heating the anharmonic lattice vibrations1 in the materials change the
materials volume typically by expansion although some materials contract with temperature2. Coat-
ings that are exposed to thermal load will be subjected to strain that is related to the difference in
thermal expansion between substrate and coating. This strain may alter the function of the coating
or even cause spallation. Therefore TEC is an important parameter in tailor-design multicomponent
coatings. Recently, the Atomate computational materials science framework3 has been extended with
efficient high-throughput workflows for determining materials’ properties, such as the Gru¨nesien pa-
rameter and thermal expansion, derived from third and fourth order elastic tensors. To provide
efficiency a quasi-harmonic Debye approximation has been implemented. In multicomponent solid
solutions the high computational demands necessitate the application of efficient approximations
with distinct carfulness. In this study we benchmark and utilize a simple approach to predict TEC
of an extended class of multicomponent nitride coatings with high potential for industrial application.
Metallurgical alloying is a successful concept to improve the functionality of materials, such as
extending the thermal stability of coatings for high temperature applications6. Multicomponent
nitride solid solutions have been developed that outperform the inherent binary nitrides in terms
of high temperature hardness, oxidation, wear resistance7–9 and piezoelectricity10,11. However, upon
alloying the materials TEC is altered which influences their mechanical integrity and reliability.
Advanced theoretical methods have been applied to predict the materials thermal expansion with
the implicit or explicit inclusion of anharmonic atomic vibrations12–14. Recently, the temperature
dependent effective potential method (TDEP)12 has been applied to investigate the thermal stability,
lattice expansion and elastic constants of Ti(1−x)AlxN alloys15–18. These studies have underlined the
significant effect of vibrations on the mixing thermodynamics in Ti(1−x)AlxN. The quasi-harmonic
approximation (QHA) has been used to predict TEC of Cu19 and Cr-Al-N coatings in agreement
with experiments20. QHA calculation of the thermal expansion of 2-4 atoms large system requires
around 25.000 core hours computational time . In a case of a system with around 20-30 atoms
the same amount of computational effort is expected for a selected volume. The model system
size of quaternary solid solutions with random configuration has to be at least around 100 atoms.
Therefore, a systematic exploration of TEC in several alloys using TDEP or QHA is nowadays a
computationally oversized research objective. On the other hand, the concept of high-throughput
search has been utilized to select materials candidates for accurate and systematic investigations. The
thermo-physical properties of TiC and TiN have been predicted using the Debye model to account
for the effect of lattice vibrations21. The value of such simple approximation is in its efficiency, which
is higly requested, e.g. in high-throughput search of materials that meet pre-defined conditions.
In this study we apply a quasi-harmonic Debye approximation for the vibrational contribution
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to the free energy of a system and predict TEC of multicomponent cubic nitride alloys using ab
initio elastic constants calculated at 0 K. Reliable calculations of the elastic constants for random
alloys can be done nowadays relatively quickly17,22. Moreover, we foresee that 0 K elastic constants
are getting available in data bases, see the recent paper by M. de Jong et al.23. We benchmark our
approximation against more accurate methods for the reproduction of measured thermal expansion
coefficients of TiN and Ti(1−x)AlxN.
The linear thermal expansion coefficient (TEC) is calculated as
α(T ) =
∑
r
1
3B
(
∂Sr
∂V
)
T
, (1)
where Sr stands for the different entropy contributions, V denotes the volume, T the temperature and
B is the isotermal bulk modulus. The volume dependence of each entropy term can be written with
the help of the Gru¨neisen parameter γr and the heat capacity at constant volume (CV )r. Considering
only electronic (e) and phononic (phon.) entropies one writes
α(T ) = γel.(CV )el.3BV +
γphon.(CV )phon.
3BV . (2)
The acoustic phononic Gru¨neisen parameter can be approximated as γphon. = 3B/(2ρBv¯2)24, where
B is the 0 K bulk modulus, ρ is the mass density and v¯ denotes the mean long-wavelength phase
velocity of acoustic phonons calculated from the 0 K elastic stiffness constants. This approximation
is based on the assumption that the solid is isotropic and the temperature T is lower than the Debye
temperature ΘD. Though, for the binary ZrN, HfN, VN, NbN and TaN significant elastic anisotropy
has been shown their alloys with AlN can be approximated to the first order as isotropic materials22.
The electronic Gru¨neisen parameter is calculated as γel. = 5/3 according to Ref.25.
The heat capacities in Eq.(2) are approximated through the Debye model2,25 as
(CV )el. =
2pi2
3 k
2
BT ×DOS(ÔF),
(CV )phon. = 9NkB
(
T
ΘD
)3 ∫ ΘD/T
0
t4et
(et − 1)2 dt. (3)
The temperature dependence of the cubic lattice paremeter a can be represented in the form of
a(x, y, T ) = a0(x, y) (1 + α∞(x, y)ΘDfD(ΘD/T )) (4)
with the Debye function
fD(τ) = 3
∫ 1
0
t3
eτt − 1 dt (5)
as suggested in Ref.26. Here, a0 gives the 0 K cubic lattice parameter and α∞ is called the high
temperature limit of TEC. ΘD in Eqs.(3,4,5) is calculated through averaging the sound velocities
obtained from the solution of the Christoffel equation27.
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To further increase the efficiency of the simulations, we base our study on a piece-wise linear
representation of the quantities over the compositional triangle (x, y) as introduced in Ref.22 for the
elastic stiffness constants. That is, the set of compositional points {(0.0, 0.0), (0.5, 0.0), (1.0, 0.0),
(0.5, 0.0),(0.5, 0.5), (0.0, 1.0)} split the (x, y) triangle into four sub-triangles in each of which linear
interpolation is used. The ab initio calculated 0 K elastic stiffness constants are taken from Ref.22.
The electronic density of state at the Fermi level DOS(ÔF) is calculated for each queternary alloy
only in the six compositional points given above using the structural models and calculational details
given in Ref.22.
Figure 1 shows the mixing energetics of Ti(1−x)AlxN solid solutions calculated at 1500 K. In Figure
1 a) one sees a comparison of the Gibb’s free energy obtained by TDEP12 and by the quasi-harmonic
Debye model using elastic constants calculated for x = 0.0, 0.5 and 1.0 at 0 K. In Figure 1b) one
sees the vibrational contribution to Gmix in both, TDEP and the quasi-harmonic Debye model. The
kink-like behavior in the case of the quasi-harmonic Debye model is an artifact of the piece-wise
linear representation used for deriving the elastic constants. Despite it, the large part of the effect
of lattice vibrations on the alloy free-energy is captured by the Debye model, and this motivates
the application of the latter to greatly increase the efficiency of simulations of the broad class of
multicomponent nitride coatings. A direct benchmark of the quasi-harmonic Debye model against
TDEP in predicting TEC is shown in Figure 2. The figure shows a comparison of the theoretically
and experimentally obtained temperature variation of the lattice parameter in TiN and Ti0.5Al0.5N
alloy. The theoretical values are derived with different approximation levels in the description of
phonons. The experimental values were obtained by in situ high temperature x-ray diffraction
measurements18. The figures show the lattice parameter expansions relative to the reference values
at 300 K. The solid line shows our results using the Debye model. We observe that the electronic
contribution to the thermal expansion in our model is negligible for all alloys. The figure shows that
TDEP and QHA results give the best agreement with experiments yet the computationally efficient
quasi-harmonic Debye model performs accurately for both, TiN and Ti0.5Al0.5N. The relative error
between the measured value of the lattice parameter in Ti0.5Al0.5N at 850 K and the one obtained
within the Debye approximation is around 0.1%. We note that ΘD(Ti0.5Al0.5N) = 967 K, see Table
I, which means that our assumption for γphon. becomes less reliable above this temperature and
therefore a somewhat larger discrepancy is expected between the experimental value and the result
of the quasi-harmonic Debye approximation at high temperatures, T≥1000 K. Yet, the extrapolation
of the curves up to high temperatures is quite reasonable, and the use of the data is motivated in
view of the need of these data in experimental investigation of metastable transition metal nitride
solid solutions in high performance cutting applications.
The applicability of the quasi-harmonic Debye model for TiN and Ti0.5Al0.5N allows us to
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investigate the thermal expansion of industrially relevant TiN-based quaternary alloys, such as
Ti(1−x−y)XxAlyN, where X is Zr, Hf, V, Nb, Ta.
Based on a piece-wise linear representation of the quantities over the compositional triangle (x, y)
proposed in Ref.22, the linear thermal expansion coefficient α(x, y, T ) can be derived through Eqs.(2,3)
and using the values of ΘD and DOS(ÔF) listed in Table I. Figure 3 shows the distribution of α(x, y, T )
for T = 600, 900 and 1200 K. We establish that the value of α increases with temperature in each
alloy. Furthermore, α shows a monotonous increase with the amount of alloying element X at all
temperature except for Zr and Hf. In the latter case a decrease is obtained with increasing Hf content.
For Zr and Hf alloying the highest value of TEC is observed around Zr0.5Al0.5N and Hf0.5Al0.5N. A
slowly varying value of α(x, y) is observed in the alloys with high V and Nb content at higher
temperatures, 900 and 1200 K. A rapid increase of TEC can be seen for Ti(1−x−y)TaxAlyN with high
Ta contant, however binary TaN is highly anisotropic which is inconsistent with our approximation
of γphon..
Eq.(4) gives a simple representation of the lattice parameter variation with the compositions x, y
and temperature T . Based on Eqs.(1,2,3) we calculated a(x, y, T ) on a 10 × 10 grid in (x, y) for 32
different temperatures up to 1200 K. In each compositional point (xi, yi) these 32 values were fitted
to Eq.(4) using a0(xi, yi) and a∞(xi, yi) as fitting parameters. Figure 4 shows the distribution of the
fitted a0 and α∞ in each alloy. a0 is found to agree with the values of the 0 K lattice parameters
for each alloy. Furthermore, α∞ correlates well with TEC at 1200 K in Fig. 2. The six corner point
values of a0 and α∞ are listed in Table I, which allows one for the accurate reproduction of a(x, y, T ).
One realizes that the behavior of α∞ for ZrN and HfN is distinct from what one sees for VN, NbN
and TaN. It corresponds to the observed deviation of TEC in Fig. 3. The approach of piece-wise
plane approximation is obvious in the figure.
In summary we predicted the linear thermal expansion of quaternary nitride solid solutions using
the quasi-harmonic Debye model, an isotropic approximation of the Gru¨neisen parameter and a
piece-wise linear representation of the compositional variation of the elastic constants. We showed
that TEC of Ti(1−x−y)XyAlxN (X=Zr, Hf, Nb, V, Ta) increase monotonously with the fraction of
X at all temperature except for Zr and Hf. A piece-wise linear representation of the temperature
variation of the cubic lattice parameter has been proposed to reproduce the thermal expansion at
arbitrary temperature. We foresee that our approach can be effectively used for the high-throughput
estimations of the thermal expansion in multicomponent alloys, one of the key parameters needed
for computer based searches for new materials.
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a)
b)
FIG. 1: Mixing energetics of Ti(1−x)AlxN solid solutions calculated at 1500 K. a) shows Gmix obtained by
TDEP method12 with solid lines and the dashed lines show the results of the quasi-harmonic Debye model.
In b) the lines display the vibration contribution to Gmix in both, TDEP and the present quasi-harmonic
Debye model with elastic constants calculated for x=0.0, 0.5 and 1.0.
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FIG. 2: Relative cubic lattice thermal expansion of a) TiN and b) Ti0.5Al0.5N within different approxi-
mations. The values are given relative to the reference lattice parameters at 300 K. The square symbols
display the experimental values18. The dashed lines show the values obtained by Bartosik et al.20 using
density functional theory with GGA and LDA approximation combined with quasi-harmonic description of
vibrational contribution to free energy. The dotted line is obtained by TDEP12.
FIG. 3: The linear thermal expansion coefficients (TEC) of cubic quaternary Ti(1−x)XyAlxN (X=Zr, Hf, V,
Nb, Ta) solid solutions at 600, 900 and 1200 K using the quasi-harmonic Debye approximation.
9
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FIG. 4: a0 and α∞ coefficients to reproduce the cubic lattice parameter a(T ) = a0(x, y)(1 +
α∞(x, y)ΘDfD(Θ/T )) of the quaternary Ti(1−x)XyAlxN (X=Zr, Hf, V, Nb, Ta) solid solutions.
Tables
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TABLE I: Density of states at Fermi levels (DOS(ÔF)), Debye temperatures (ΘD) and the values of the
fitting parameters a0, α∞ of the cubic lattice paremeters a (see Eq.(4)) for quaternary Ti(1−x−y)XyAlxN
(X=Zr, Hf, Nb, V, Ta) solid solutions in six compositional (x, y) points.
composition: (x, y) (1.0,0.0) (0.5,0.0) (0.0,0.0) (0.5,0.5) (0.0,0.5) (0.0,1.0)
Ti(1−x−y)ZryAlxN
DOS(ÔF) (eV/atom) 0.0 0.236 0.433 0.1506 0.4073 0.3632
ΘD (K) 1137 967 923 745 738 653
a0 (A˚) 4.07 4.18 4.25 4.38 4.44 4.60
α∞ × 10−6 (K−1) 10.02 10.58 9.44 11.33 9.95 9.38
Ti(1−x−y)HfyAlxN
DOS(ÔF) (eV/atom) 0.0 0.236 0.433 0.167 0.374 0.334
ΘD (K) 1137 967 923 617 611 550
a0 (A˚) 4.07 4.18 4.25 4.35 4.41 4.53
α∞ × 10−6 (K−1) 10.05 10.58 9.44 10.51 9.67 7.47
Ti(1−x−y)VyAlxN
DOS(ÔF) (eV/atom) 0.0 0.236 0.433 0.7742 0.454 0.80
ΘD (K) 1137 967 923 940 827 818
a0 (A˚) 4.07 4.18 4.25 4.11 4.19 4.12
α∞ × 10−6 (K−1) 10.05 10.58 9.44 11.52 11.74 12.25
Ti(1−x−y)NbyAlxN
DOS(ÔF) (eV/atom) 0.0 0.236 0.433 0.182 0.412 0.458
ΘD (K) 1137 967 923 772 713 597
a0 (A˚) 4.07 4.18 4.25 4.28 4.34 4.42
α∞ × 10−6 (K−1) 10.05 10.58 9.44 10.95 11.01 11.92
Ti(1−x−y)TayAlxN
DOS(ÔF) (eV/atom) 0.0 0.236 0.433 0.1723 0.386 0.4035
ΘD (K) 1137 967 923 617 573 407
a0 (A˚) 4.07 4.18 4.25 4.28 4.35 4.42
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α∞ × 10−6 (K−1) 10.05 10.58 9.44 10.75 11.12 13.95
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